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Reports of nanoscale metallic multilayers (NMM) performance show a relatively 
high strength and radiation damage resistance when compared their monolithic 
components.  Hardness of NMMs has been shown to increase with increasing interfacial 
density (i.e. decreasing layer thickness).  This interface density-dependent behavior 
within NMMs has been shown to deviate from Hall-Petch strengthening, leading to 
higher measured strengths during normal loading than those predicted by a rule of 
mixtures.  To fully understand why this occurs, other researchers have looked at the 
influence of the crystal structures of the component layers, orientations, and compositions 
on deformation processes.  Additionally, a limited number of studies have focused on the 
structural stability and possible performance variation between as-deposited systems and 
those exposed to mechanical and thermal loading. 
This dissertation identified how NMM as-deposited structures and performance 
are altered by mechanical loading (sliding/wear contact) and/or thermal (such as 
diffusion, relaxation) loading.  These objectives were pursued by tracking hardness 
evolution during sliding wear and after thermal loading to as-deposited stress and 
mechanical properties.  Residual stress progression was also examined during thermal 
loading and supporting data was collected to detail structural and chemical changes.  All 
of these experimental observations were conducted using Cu/Nb NMMs with 2 nm, 20 
nm, or 100 nm thick individual layers deposited with either 1 µm or 10 µm total 
thicknesses with two geometries (Cu/Nb and Nb/Cu) on (100) Si. 
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Wear boxes were performed on Cu/Nb NMM using a nanoindentation system 
with a 1 µm conical diamond counterface.  After nano-wear deformation, the hardness of 
the deformed regions significantly rose with respect to as-deposited measurements, which 
further increased with greater wear loads.  Additionally, NMMs with thinner layers 
showed less volume loss as measured by laser scanning microscopy.  Strain hardening 
exponents for multilayers with thinner layers (2 nm: n ≈ 0.018 and 20 nm: n ≈ 0.022 
respectively) were less than was determined for 100 nm systems (n ≈ 0.041).  These 
results suggest that single-dislocation based deformation mechanisms observed for the 
thinner systems limit the extent of achievable strain hardening.  This result indicates that 
both architecture strengthening and strain hardening should be considered if the coating 
will undergo sliding wear.  Furthermore, the hardness of the worn 100 nm system was 
observed to exceed the as-deposited hardness of the 20 nm, a previously unreported 
finding, further indicating the interplay between the architecture- and strain-based 
strengthening mechanisms. 
Residual stress has been identified as a potential mechanism to cause 
microstructural instability in NMM architectures.  To understand the factors controlling 
thermal stress evolution for NMMs, the stress in Cu-Nb NMM systems was determined 
from curvature measurements collected as the sample was cycled from 25 ˚C to 400 ˚C.  
In addition, the stress within each of the component layers was assessed by using changes 
in primary peak position from X-ray diffraction (XRD).  The thermoelastic slope of 
NMM systems was shown to not only depend on thermal expansion mismatch and elastic 
modulus.  Analysis showed that layer thickness (interfacial density) affected the 
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magnitude of thermoelastic slope while the layer order was observed to have minimal 
impact on the stress-response after the initial heating segment.  When comparing the 
monolithic stress responses to those of the Cu-Nb NMM systems, the NMMs show a 
similar increase in stress magnitude above 200 ˚C to monolithic Nb.  This indicates that 
the Nb layers play a larger role in the development of initial stresses than the Cu layers.  
Localized stress measurements using in-situ XRD revealed that the stress response of the 
Cu and Nb layers within the NMM behave similarly to their monolithic counterparts by 
themselves, rather than the composite stress estimate from curvature measurements. 
Although FCC Nb has been identified under very specific contexts (e.g. due to 
initial deposition conditions, appreciable impurity content), the transformation of pure Nb 
from BCC to FCC has not been previously observed.  Through this work we identified 
that stress is a possible mechanism that allows this transformation to occur.  During 
heating to 500 ˚C, a sharp peak in the stress response of 1 µm monolithic Nb was 
observed at 475 ˚C.  Post-heating determination of structure revealed both the initial BCC 
orientation as well as peaks that coincide with a previously simulated FCC Nb structure.  
Due to the observation of both structures concurrently, the observed transformation did 
not progress to completion.  The transformation coincided with an increase in the elastic 
modulus from 115 ± 4 GPa to 153 ± 4 GPa, another indication of a structural change 
within the Nb film.  These findings have not been previously observed for pure Nb and 
are being further confirmed with high-resolution transmission electron microscopy 
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CHAPTER ONE 
OVERVIEW OF NANOSCALE METALLIC MULTILAYER 
STRUCTURE, PROPERTIES, AND PERFORMANCE 
 
 
1.1. Impacts of Architectural Control of Materials 
Physical metallurgy involves controlling microstructure to yield desired 
mechanical properties [1.1].  For bulk metallurgy, five strengthening mechanisms are 
commonly cited: boundary, dispersion, precipitate, strain, and solute [1.2].  The boundary 
strengthening mechanism is often modeled by the Hall-Petch relation [1.3, 1.4], in which 
the yield strength of a material is dependent on its grain size in accordance with an 
inverse square root correlation.  The Hall-Petch model predicts yield strength, !!, as: 
    !! = !! + !!!!
!
!    (1.1) 
where !! and !! are material dependent constants and ! is the average grain size (i.e. the 
distance in between boundaries) [1.5].  Thus, decreasing the grain size of a material 
system will increase its strength.  For many strengthening mechanisms (e.g. work 
hardening), the increase in strength is detrimental to toughness [1.1, 1.5].  However, finer 
grained materials have both greater strength and toughness compared to their coarser 
grained counterparts [1.1].  Boundary strengthening mechanisms rely on the concept of 
characteristic length; for varying geometries within systems, one specific dimension (e.g. 
grain size in bulk metals or layer thickness in layered systems) is the primary controlling 
factor with regard to strengthening [1.6]. 
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The boundary strengthening mechanism is due to the grain boundaries serving as 
barriers to dislocation motion [1.7].  This is caused by the misorientation present at the 
boundary between two grains; once a dislocation reaches the boundary, the glide planes 
are discontinuous and it cannot continue travelling in the same direction.  If dislocation 
motion is restricted, then plastic deformation is suppressed and the material is stronger 
[1.7].  Due to the stress fields surrounding them, dislocations will repel one another and 
will pile-up at boundaries [1.7].  When the grain size is reduced, the available volume for 
dislocation pile-ups to form is also reduced and strengthening is observed [1.3, 1.4]. 
For layered microstructures, such as pearlite [1.8], strength has been shown to 
depend on the thickness of the layers in a manner similar to the Hall-Petch relation [1.3, 
1.4].  However, instead of grain size, the dimension of concern is the spacing between 
phase boundaries.  The strength of the eutectic and eutectoid microstructures (e.g. 
pearlite, Pb-Sn, Ag-Cu [1.5, 1.9, 1.10]) can be controlled by the cooling rate, which 
subsequently controls the thickness of the layered components [1.1], with thinner layers 
yielding a stronger material [1.8].  In the case of multilayered architectures, the 
characteristic length becomes the layer thickness [1.11], and properties are largely 
controlled with corresponding changes of individual layer thickness [1.6]. 
 
1.1.1. Structure of Following Chapter 
The remaining structure of this introductory chapter is as follows: an overview to 
layered systems will be given with particular application to structure-property 
relationships and their potential opportunities, as well as some of their drawbacks 
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(Sections 1.2 and 1.3).  This will be followed by the aims of this dissertation and a 
summary of the film systems produced to achieve those aims (Section 1.4).  Next, in 
order to present additional context for the study of wear in these nanostructured systems, 
a systematic overview of wear will be presented from bulk considerations down to 
complex architectures (Section 1.5).  Finally, a short closing remark is included to 
summarize the overviews given (Section 1.6).  Through this methodical approach, it will 
be made clear that nanoscale metallic multilayer systems show promise as strong, robust 
nanostructured materials for many uses and that this work seeks to further understand 
limitations toward their utilization in real-world applications. 
 
1.2. Introduction to the Nanoscale Metallic Multilayer Architecture 
Layered geometries have been an interest since 1966 when Embury and Fisher 
attributed strength in pearlitic structures to the layer thickness [1.8], and identified that 
their properties could be empirically predicted by the Hall-Petch relation [1.3, 1.4].  More 
recently, researchers have shown that there is a limit to the predictive capabilities of the 
Hall-Petch relationship for layered structures when layer thickness is reduced below 
approximately 100 nm [1.12].  Nanoscale metallic multilayers (NMMs) are metallic 
composite systems containing alternating layers with nanometer-level (less than 100 nm) 
individual layer thicknesses (as seen in the Ti/W NMM system in Fig. 1.1) [1.13].  
NMMs have been utilized as free-standing foils [1.14], as well as coatings adhered to 
substrates [1.15].  They have being explored for high-strength foils [1.16], wear-resistant 
coatings [1.17], and possible radiation damage resistant systems [1.18]. 
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Fig. 1.1. SEM cross-section of Ti/W NMM film produced at Clemson University using 
COMSET Kurt J. Lesker sputter deposition system [1.13].  The system is composed of 
100 nm individual layers of Ti and W with a total thickness of one micrometer on top of a 
(100) Si substrate. 
 
However, even though the as-deposited strengths of these systems exceed 
predictions by the rule of mixtures, questions remain on their long-term performance 
following thermal [1.14, 1.15, 1.19, 1.20] and mechanical loading [1.17, 1.21].  The 
objective of this work is to: I) examine the deformation and strain hardening response 
of NMMs to nano-wear conditions, II) identify the progression of residual stress 
during thermal loading of NMMs, and III) characterize the partial transformation of 
BCC Nb to an FCC crystal structure. 
To clarify some terminology used in the literature and this work it is necessary to 
strictly define some frequently used terms.  It is worth mentioning that these layered 
systems are referred to in many different manners by various researchers including 
NMMs, nanolaminates, multilayers, herringbone structures, nanoheterostructures, et 
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cetera; however, many of the terms are synonymous.  For the purposes of this work, 
these systems will be referred to as NMMs.  Additionally, the terms architecture and 
geometry will be used to denote specific features of the NMM structure: architecture 
refers to the layer thickness, while geometry refers to the layer order (or orientation). The 
term layer thickness is defined by the thickness of a single individual layer, but other 
researchers may refer to the bilayer period [the thickness of a pair of layers [1.6, 1.21, 
1.22] (e.g. both Cu and Nb)].  Additionally, throughout this work, the yield stress, !!, (or 
flow stress) is approximated by: 
     !! = !/3     (1.2) 
where H is indentation hardness, as determined by an empirical relation set forth by 
Tabor [1.23].  As such, hardness, strength, and strengthening are intimately related and 
are used somewhat interchangeably in the literature [1.6, 1.23]. 
The focus on NMM systems has grown because of reports of their high strength 
[1.6] under normal loading and relatively high fatigue resistance [1.24] when compared 
to monolithic films of their constituent materials.  It has been observed that for NMM 
systems with identical total thicknesses and equal volume fractions of each constituent 
material (50 vol. % / 50 vol. %), reducing the individual layer thickness will yield higher 
strength and hardness, (Fig. 1.2) [1.25].  This deviates from values predicted by the Hall-
Petch relation due to dislocation confinement [1.25].  In Fig. 1.2, the hardness of various 
materials in NMM geometries can be seen with respect to the inverse square root of layer 
thickness.  For the materials shown, thinner layers can result in hardnesses greater than 
double what is seen for 200 nm layered systems (Fig. 1.2). 
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Fig. 1.2. Observed dependence of layer thickness on resulting hardness of various NMM 
systems.  As layer thickness decreases (i.e. h-1/2 increases), hardness increases for all 
systems encompassing a range of interface types, crystal structures, and compositions.  
Taken without permission from [1.25]. 
 
1.2.1. Formation, Synthesis, and Fabrication of Multilayer Architectures 
Multilayer architectures have been shown to be formed and/or produced in a 
variety of ways including naturally occurring processes (e.g. pearlite [1.8, 1.26]), directed 
methods such as physical vapor deposition (PVD) [1.15, 1.19, 1.27] and accumulative 
roll bonding (ARB) [1.20, 1.28, 1.29].  In the case of eutectics (e.g. Pb-Sn, Fe-C, Cu-Ag 
[1.9, 1.30]), as they are cooled below the eutectoid temperature, a single phase is no 
longer stable and begins to decompose into two separate phases [1.5].  The 
decomposition into two phases requires substantial diffusion and results in high aspect-
ratio lamella [1.5, 1.31].  The relative thickness of these lamellae depend on the cooling 
rate used, with faster cooling rates yielding thinner lamellae due to decreased diffusion at 
lower temperatures [1.5, 1.31]. Embury and Fisher first reported that the flow stress of 
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the pearlitic microstructure depended on lamellar spacing [1.8], this finding has served as 
much of the basis for study on multilayer systems. 
To fabricate model NMM systems, with controllable and consistent layer 
thicknesses in a range of materials systems, two main methods are used, PVD and ARB.  
Both the PVD and ARB methods allow researchers to produce an array of final layer 
thicknesses (PVD: < 1 nm to > 100 nm, ARB: < 10 nm to macro layers [1.32, 1.33]).  
PVD allows for the direct control of each layer as the system is fabricated from the 
bottom (substrate) up [1.6].  Conversely, ARB utilizes repeated rolling and stacking to 
reduce layer thickness from the top down [1.34], where the final thickness is controlled 
by the number of rolling steps.  The primary difference in the final NMM material 
obtained from the two systems is that PVD will result in a thin film and the ARB 
technique will result in sheet material in bulk form [1.32].  Despite variation in 
production and fabrication methods, NMM systems produced by both bottom-up and top-
down approaches share many of the same emerging property and performance 
characteristics [1.6, 1.32]. 
These two production methods result in three primary NMM microstructures: 
highly oriented quasi-single crystalline structures produced by PVD [1.27], randomly 
textured nanocrystalline systems produced by PVD [1.15], and ARB systems containing 
different predominant interfaces [1.35] (PVD: {111}Cu-{110}Nb and ARB: {112}Cu|| 
{112}Nb & {111}<110>Cu||{110}<111>Nb [1.36]).  The change in predominant 
orientation results in separate resistances to dislocation transmission in PVD and ARB 
NMM systems [1.36].  Due to the strong texturing in the PVD systems only a select few 
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slip systems have been observed to align [1.36], which is not as apparent in the ARB 
systems.  Practically, this results in the hardnesses of ARB-produced systems being 
consistently 15-25% lower than PVD NMM systems over the same thickness range [1.33, 
1.37].  Furthermore, MD simulations have shown that the ARB interface has a much 
higher shear resistance (ARB: > 1500 MPa vs. PVD: < 1000 MPa [1.33]), this is due to 
the facets and non-slip plane features of the ARB interfaces [1.29, 1.36, 1.38].  It is 
expected that the random texture of nanocrystalline NMMs produced by PVD would 
share much of those same interfacial shear properties.  NMM architectures fabricated 
with ARB show increased potential for industrial production due to their similar behavior 
to PVD produced systems and relative scalability for bulk production [1.35, 1.39]. 
 
1.3. Opportunities and Impediments Surrounding NMM Systems 
Many researchers have sought to explain the geometrical strengthening 
mechanisms in layered architectures using dislocation-based means under normal loading 
(Section 1.3.1).  Others have sought to examine deformation of NMMs under loading 
geometries and conditions that are more complex (e.g. tension, interfacial shear, 
environmental effects) (Section 1.3.2).  Finally, as many of these phenomena depend on 
stresses within the NMM structure, efforts have been made to understand the origin of 





1.3.1. Geometrical Strengthening of NMM Systems 
Strengthening in NMM systems has been attributed to specific dislocation 
confinement by the layered architecture (Fig. 1.3) [1.6].  At larger layer thicknesses, 
sufficient space inside of the layers is available for dislocation pile-ups to form and the 
strength is proportional to the inverse square root of the layer thickness [1.40], similar to 
the Hall-Petch relation [1.3, 1.4].  When the layers are reduced below ≈75 nm, there is no 
longer room inside of a single layer for dislocation pile-ups to form.  Consequently, 
significant strengthening has been identified (Fig. 1.3), and has resulted in frequent study 
[1.11–1.13, 1.15–1.17, 1.19–1.21, 1.25, 1.40–1.45].  In this layer thickness regime, it has 
been proposed that deformation is governed by the confinement of single dislocations to 
individual layers and has been further explained by the confined layer slip model [1.12].  
If layer thickness is further reduced (below ≈ 1-2 nm), a drop-off in the strength is 
observed due to the likelihood of dislocation cores already overlapping the layer 
interfaces.  This overlap accounts for a reduced energy needed for dislocations to cross 
boundaries [1.6]. 
 
Fig. 1.3. Illustration of the dominant strengthening mechanisms for primary length-scale 
regimes in NMM systems.  As layer thickness is decreased, the mechanisms controlling 
plastic deformation change to accommodating the changing architecture.  Taken without 
permission from [1.6]. 
10 
Depending on the materials involved, NMM systems can be divided into three 
primary categories based on the interface structure: coherent, semi-coherent, and 
incoherent, as determined by the continuity of slip systems across the interface.  The 
coherency of the interface will dictate how deformation can progress through the 
thickness of the layered systems.  If an NMM system is produced with components that 
have the same crystal structure and minimal lattice mismatch (< ≈ 10%) then the strain 
needed to accommodate continuous crystalline planes across the interface is kept at a 
minimum, this is termed coherent [1.43, 1.46].  When the components of the multilayer 
system do not share the same crystal structure, the slip systems across an interface are 
discontinuous and designated incoherent [1.27].  Finally, semi-coherence is found when 
the components both have the same crystal structure, but have a larger lattice mismatch 
(> ≈ 10%) [1.46].  The greater variation between lattice spacing requires additional 
dislocations along the interface to accommodate the mismatch, which, in turn, serves as 
restrictions to continuous slip, resulting semi-coherent behavior lies in-between coherent 
and incoherent systems [1.46]. 
The interfacial coherency contributes to the mechanical response of the systems, 
as slip transfer through the interfaces controls how deformation progresses through the 
thickness of the multilayer.  Coherent interfaces pose the least resistance to moving a 
dislocation across the interface with minimal lattice mismatch [1.46].  Semi-coherent and 
incoherent interfaces pose much greater resistance to moving a dislocation across the 
interface [1.43].  As a result, interfaces that are not coherent are often very weak under 
shear loading [1.47, 1.48].  It has been suggested that incoherent NMMs can deform as a 
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series of independent foils due to the low shear strength of the interfaces [1.6].  As 
suggested in Fig. 1.2, the strengthening mechanisms controlling NMMs (Fig. 1.3) are 
independent of crystal structure.  NMM systems containing FCC, BCC, and HCP metals 
have shown similar strengthening trends with respect to layer thickness (Table 1.1). 
Table 1.1. Different NMM systems found in literature highlight diversity of metal 
elements explored in research, containing FCC, BCC, and HCP systems, show varying 
levels of interfacial coherency. 
 
NMM System Interfacial Coherency (Structures) Studies Examining NMM System 
Cu/Ni Coherent (FCC/FCC) Bhattacharyya et al. [1.49], Carpenter et al. [1.41], Haseeb et al. [1.17], Liu et al. [1.50, 1.51], Misra et al. [1.12, 1.45], Mitlin et al. [1.52, 1.53] 
Cu/Ag Semi-Coherent (FCC/FCC) 
Ghalandari and Moshksar [1.54], Labat et al. [1.55], Mara et al. [1.9], Misra et 
al. [1.12], Verdier et al. [1.56], Wang et al. [1.30], Wen et al. [1.21] Zheng et 
al. [1.36] 
Cu/Co Semi-Coherent (FCC/FCC) Liu et al. [1.57] 
Cu/Fe Semi-Coherent (FCC/FCC) Chen et al. [1.58], Guo and Greer [1.59] 
Cu/330 
Stainless Steel Semi-Coherent (FCC/FCC) Zhang and Misra [1.60] 
Cu/Pt Semi-Coherent (FCC/FCC) Ramaswamy et al. [1.61] 
Cu/Pd Semi-Coherent (FCC/FCC) Ramaswamy et al. [1.61] 
Pd/Pt Semi-Coherent (FCC/FCC) Ramaswamy et al. [1.61] 
Al/Pt Semi-Coherent (FCC/FCC) Hebert and Perepezko [1.62] 
Al/Pd Semi-Coherent (FCC/FCC) Dayal et al. [1.63] 
Ag/Ni Semi-Coherent (FCC/FCC) Josell et al. [1.64] 
Ag/Al Semi-Coherent (FCC/FCC) Bufford et al. [1.65] 
Au/Ni Semi-Coherent (FCC/FCC) Labat et al. [1.55], Schweitz et al. [1.66] 
Cu/Nb Incoherent (FCC/BCC) 
Anderson et al. [1.67], Aydiner et al. [1.68], Beyerlein et al. [1.69], 
Bhattacharyya et al. [1.49], Budiman et al. [1.70], Carpenter et al. [1.28, 1.34, 
1.71, 1.72], Cobb et al. [1.73], Dekmowicz and Thilly [1.38], Economy et al. 
[1.15], Ekiz et al. [1.74], Han et al. [1.42, 1.75, 1.76], Hattar et al. [1.77], Li et 
al. [1.78–1.81], Mara et al. [1.82–1.84], Misra et al. [1.12, 1.14, 1.27, 1.45, 
1.85–1.87], Monclús et al. [1.37], Wynn et al. [1.88], Yu-Zhang et al. [1.89], 
Zhang et al. [1.90], Zheng et al. [1.10, 1.20, 1.36, 1.91] 
Al/Nb Incoherent (FCC/BCC) Fu et al. [1.25], Li et al. [1.79] 
Al/Ti Incoherent (FCC/HCP) Mitra et al. [1.92] 
Cu/V Incoherent (FCC/BCC) Fu et al. [1.25] 
Cu/Cr Incoherent (FCC/BCC) Misra et al. [1.12, 1.45, 1.93] 
Cu/W Incoherent (FCC/BCC) Castelnau et al. [1.94], Girault et al. [1.95], Goudeau et al. [1.96], Monclús et al. [1.97] 
Cu/Zr Incoherent (FCC/HCP) Lei et al. [98], Zhang et al. [1.99] 
Zr/Nb Incoherent (HCP/BCC) Ardeljan et al. [1.100] 
Pt/Mo Incoherent (FCC/BCC) Bellou et al. [1.44, 1.101] 
Mo/Ni Incoherent (BCC/FCC) Abadias et al. [1.102], Bain et al. [1.103] 
Ti/W Incoherent (HCP/BCC) Economy [1.13] 
Mg/Nb Incoherent (HCP/BCC) Ham and Zhang [1.104] 
Cu/Ni/Nb Coherent/Incoherent (FCC/FCC/BCC) Mastorakos et al. [1.105], Schoeppner et al. [1.19] 
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1.3.2. Complex Deformation of NMM Systems 
In addition to the subjects of strengthening by controlling NMM architecture and 
structure, deformation in NMMs is well studied under loading normal to the layer 
direction [1.16, 1.49, 1.79, 1.106].  Researchers have since sought to further examine 
deformation under specific contexts such as using other loading geometries (Section 
1.3.2.1), during and after exposure to high temperatures (Section 1.3.2.2), and after 
exposure to radiation (e.g. He ion implantation, Section 1.3.2.3).  Through the overview 
of these topics, it is sought to further establish opportunities for NMM systems and 
impediments to realizing their real-world application. 
 
1.3.2.1. Deformation of NMM Systems Under Complex Loading Geometries 
Most researchers have examined the strength of NMM systems under normal 
loading (Fig. 1.4A), however more recent studies have begun to examine how NMMs 
respond to other forms of loading apart from normal compression (e.g. tensile testing, 
shearing, and sliding wear).  Bhattacharyya et al. observed that strain was concentrated 
near the point of contact in NMM systems due to the layered geometry when loading 
normal to the layer direction (nanoindentation) in Cu-Ni and Cu-Nb systems [1.49].  
Utilizing loading that is parallel to the layer direction (Fig. 1.4B, via tensile test), a 
complete layer breakdown has been observed near the point of fracture, however the 
geometry remained intact in regions removed from the failure point [1.16]. 
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Fig. 1.4. Illustration of loading directions in NMM systems showing A) normal loading 
and B) parallel loading, both with respect to the in-plane layer direction. 
 
The examination of local layered structure within Cu/Nb NMM micropillar 
compression tests by Mara et al. [1.84] has allowed for the identification of the origins of 
these systems’ elevated ductility due to the weakness of the interfaces under shear stress.  
The shear strength of the Cu-Nb interface has been measured to be approximately 0.3-
0.55 GPa using ex-situ and in-situ methods that are consistent with molecular dynamics 
(MD) simulations [1.81, 1.84]. 
Previous studies of NMM systems have highlighted reduced wear deformation 
during sliding contact when compared to monolithic coatings [1.17, 1.21].  Haseeb et al. 
reported that Cu/Ni NMMs showed superior fretting damage resistance when compared 
to monolithic Cu and Ni films [1.17].  They also observed that systems with thinner 
individual layers showed a higher wear deformation resistance than comparable systems 
with thicker individual layers [1.17].  Wen et al. noted that when Cu/Ag NMM films 
were examined by nanoscratch testing, varying wear modes occurred for decreasing layer 
thicknesses [1.21].  A transition of abrasion modes was observed from plowing in thicker 
layered geometries (50 and 100 nm layers) to cutting abrasion for thinner geometries (10 
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nm layers) [1.21].  Similar results have been obtained from tests of metallic/ceramic 
layered systems [1.107–1.110].  These metal/ceramic systems are able to combine the 
high hardness of a ceramic component with the superior resilience and toughness of the 
metallic component [1.110]. 
 
1.3.2.2. High-Temperature Mechanical Properties and Aging of NMM Systems 
The high temperature deformation behaviors of NMM systems have been 
examined in multiple studies including those by Schoeppner et al. [1.19] and Mara et al. 
[1.16, 1.106].  High-temperature hardnesses of various tri-layer Cu/Ni/Nb NMMs were 
examined through the use of hot-stage nanoindentation [1.19].  It was found that thinner 
layered systems (5 nm) retained their hardness at high temperature more than those with 
thicker layers (30 nm) [1.19].  The correlation of hot-hardness with layer thickness was 
attributed to activation of additional slip planes in thicker systems, which was confirmed 
with MD simulations [1.19].  Additionally, researchers have examined the response of 
Cu/Nb NMMs under tension at elevated temperatures [1.16, 1.106].  It has been observed 
that despite the high temperatures (up to 700 ˚C), the mechanical response of NMMs 
continue to surpass predictions from the rule of mixtures by over an order of magnitude 
and the layered structure remains intact [1.16].  Softening and increased ductility of 
NMM Cu/Nb was attributed to interlayer sliding [1.106] as well as enhanced cross-slip 
and dislocation climb [1.16]. 
However, despite those promising results, some studies have identified that the 
aging of NMM is still not fully understood [1.14, 1.15].  What is understood is that these 
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structures are more prone to microstructural degradation at elevated temperatures when 
layer thickness is reduced [1.111].  A previous study has identified sensitivity to thermal 
degradation of the thinner layered structures and, as a result, their mechanical properties 
subsequently degrade (Fig. 1.5) [1.15].  However, other studies did not observe that effect 
until a much higher temperature [1.14, 1.20].  Misra and Hoagland identified that the 
softening that they observed for thinner systems was due to a reordering of the layered 
grains to form more stable boundary geometries [1.14]. 
 
Fig. 1.5. Previous study highlighted that while freestanding Cu/Nb systems retained their 
hardness after heating for 30 minutes in an inert atmosphere [1.14], 20 nm system still 
adhered to Si substrate did not.  Significant decrease in hardness was observed for 20 nm 
Cu/Nb after heating to 400 ˚C for 30 minutes in an inert atmosphere [1.13, 1.15].  These 
seemingly conflicting results highlight possible importance of residual stress, as first 
theorized by Josell et al. [1.111–1.113].  Figure reproduced with permission from [1.13]. 
 
The reordering of the layer geometry becomes more significant in thinner layers.  
As boundaries move, nanoscale layers can become discontinuous and, as a result, lose 
their ability to effectively restrict dislocation motion [1.14].  When NMM structures are 
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heated, multiple factors are involved that oppose their stability.  These factors may 
largely be attributed to capillary forces [1.111], where the capillary force depends on the 
aspect ratio of the geometries involved.  Thinner and wider grains result in a higher force, 
which can become unstable.  With growth of the in-plane grain dimension, the capillary 
force of the grain increases, resulting in the geometry being more sensitive to instability 
[1.111].  Conversely, reducing the layer thickness results in the same effect.  As the 
layered systems experience stress, this can affect the diffusional properties involved 
[1.114] and result in significant microstructural degradation (Fig. 1.6) [1.112]. 
 
Fig. 1.6. Schematic highlighting diffusion pathways and idealized structure of multilayer 
systems.  These geometries contribute multiple avenues for the development of stresses, 
which can lead to a degradation of the architecture and subsequent loss of strength.  
Taken without permission from [1.112]. 
 
Without the presence of external stresses, it would seem that the NMM systems 
are stable at high temperatures [1.14, 1.20].  For geometries that have been fabricated by 
sputter deposition [1.14], and ARB [1.20], and subsequently heated in vacuum in the 
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absence of large external stresses (not adhered to a substrate) their mechanical properties 
remained stable after heating to 400-500 ˚C for 1 hour.  The hardness of 10 nm Cu/Nb 
systems remained within 5% of the as-deposited value after heating to 500 ˚C [1.20].  
Zheng and colleagues attribute this stability to the atypically profuse deformation 
twinning resulting from the ARB fabrication process [1.20]. 
Stress-induced degradation of multilayer structure is not the only impediment that 
has been attributed to their thermal degradation.  Other researchers have observed 
softening due to the formation of oxides in NMM systems after heating (Fig. 1.7) [1.44].  
Bellou et al. identified that after heating Pt/Mo systems in air, significant formation of 
MoO3 was detected [1.44].  This oxide formation is notable due to the geometry 
involved; the Mo layers were not exposed to the surface.  The Mo diffused along Pt grain 
boundaries to form the MoO3 crystals on the surface of the NMM system shown in Fig. 
1.7 [1.44]. 
 
Fig. 1.7. Oxidation observed in Pt/Mo NMM systems after heating in air.  It is noted that 
the surface formation is MoO3, which is an important consideration as the top layer of the 
system is Pt.  The underlying Mo has diffused through the top layer in order to form the 
oxide.  Taken without permission from [1.44]. 
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1.3.2.3. Resistance to Radiation Damage in NMM Systems 
In addition to high-temperature environments, exposure to radiation is another 
extreme environment that NMM systems might encounter during use.  As such, the 
mechanical response of Cu/Nb NMMs after exposure to He ion irradiation has been 
examined [1.35, 1.39, 1.80, 1.90, 1.115].  NMM Cu/Nb has been identified as a candidate 
for radiation damage resistant materials systems due to the laminar structure’s ability to 
store He while minimizing formation of undesirable bubbles within the structure [1.39].  
It has been shown by Misra et al. that the formation of irradiation-induced defects is 
energetically favorable at the layer interfaces, allowing the interfacial regions to serve as 
defect sinks [1.18].  The trapping of irradiation-induced defects allows for retained initial 
strength even after appreciable He implantation (7 at. %), which was observed to cause 
significant changes in monolithic Cu as identified in Li et al. [1.80].  The radiation 
damage resistance of these types of systems, particularly Cu/Nb, have spurred on the 
study of the impact of the layered architecture on performance of NMM systems. 
 
1.3.3. Stress Evolution in Thin Film Systems 
As residual stresses can be a factor in the degradation of NMM systems, 
understanding their origins are paramount.  Stresses in thin film systems typically are 
divided into two primary categories: intrinsic and extrinsic [1.116].  Intrinsic stresses, 
often develop due to the fabrication of the material (e.g. grain boundary structure due to 
deposition) [1.116].  Extrinsic stresses, such as those due to thermal expansion mismatch 
between the film and substrate, develop after deposition [1.116].  Annealing can often 
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relieve intrinsic stresses, however extrinsic stresses may become more pronounced as a 
result of heating and cooling depending on the coefficients of thermal expansions (CTE) 
of the film components and the substrate [1.117, 1.118].  It is desirable to examine how 
the stress in a thin film will develop as it is heated.  Stress measurements as a function of 
temperature during heating [1.117] and cooling [1.119] help to understand this evolution 
(Fig. 1.8).  Cu has been observed to follow a hysteresis loop upon heating multiple times 
(Fig. 1.8) [1.117].  The first heating cycle acts to: relieve initial defects due to film 
fabrication, grow originally nanocrystalline grains, and reduce Ar atoms trapped in the 
film during deposition.  Subsequently, a consistent progression in stress is noted on 
successive heating cycles, returning to approximately 400 MPa after each cycle (Fig. 
1.8). 
 
Fig. 1.8. Stress evolution as a function of temperature observed in 600 nm monolithic Cu 
(with 2% at. Mg) on Si during thermal loading.  After defect structure is relieved from 
initial deposition on first heating cycle, the stress follows a cyclical path on subsequent 
heating steps.  Taken without permission from [1.117]. 
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Similar stress mechanisms were observed for BCC films upon heating and 
cooling.  Windt observed irreversible stress fluctuations upon initial heating Mo and W 
films (Fig. 1.9) [1.120], which were attributed to similar mechanisms as in the case of Cu 
(Fig. 1.8) [1.117].  Upon cooling, it can be seen in Fig. 1.9 that the stress progression is 
linear, which correlates with the mismatch between the CTEs of the Mo film and the Si 
substrate.  
 
Fig. 1.9. Stress evolution observed in 300 nm monolithic Mo film on Si during thermal 
loading.  Different crystal structure of film material results in a different stress response 
on heating.  Taken without permission from [1.120]. 
 
When stress in NMM systems is examined, an interesting trend is noticed.  After 
annealing all of the monolithic systems, the stress becomes more tensile.  However, for 
the multilayer geometries that Windt examined, some resulted in a net compressive stress 
(Fig 1.10) [1.120].  This change is a result of the varying behaviors on heating, as the 
samples with 4 nm and 5 nm Mo layers are largely linear; though the thinner layers (1-3 
nm) show a prominent nonlinearity at approximately 125 ˚C (Fig 1.10) [1.120].  These 
varying responses are attributed particularly to the coherency stresses of the layer 
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interfaces [1.120].  As layer thickness is reduced, interfacial density increases.  The 
coherency stress is an aspect that is not accounted for in a rule of mixtures approach for 
CTE mismatch [1.121], which are negligible in monolithic films and macro-multilayers 
due to their low interfacial density [1.6]. 
 
Fig. 1.10. Stress evolution observed in various layer thicknesses of nanoscale multilayer 
Mo/Si films on Si during thermal loading.  Systems with varying layer thickness result in 
different initial heating portions but similar slope on cooling.  The result is that some of 
the thicker NMM systems have a net compressive stress while the thinner systems have a 
net tensile stress.  Taken without permission from [1.120]. 
 
Coherency stresses have been examined during deposition of NMM systems by 
measuring changes in substrate curvature while the system is being grown [1.61].  A 
balance between surface stress and coherency stress was observed; the initial stress 
developed in a layer strongly depends on the thickness of the preceding layer.  Thus, the 
residual stress from deposition in a multilayer system is greatly affected by the individual 
layer thicknesses within the architecture. 
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It has been shown that the geometries and other system constraints have a 
significant effect on the thermal misfit stress in a film on substrate architecture as shown 
by: 
   σ! = !!!!!!(!!!!
!!!!!!!)(!!!!!)!!
!!!!!!!!!!!!!!!!!!!!!!!(!!!!!!!!!!!!!!!)
   (1.2) 
where σf is film stress, Es and Ef are the substrate and film Young’s modulus, ts and tf are 
the substrate and film thickness, αs and αf are the substrate and film CTE, and ΔT is the 
change in temperature [1.121].  Equation 1.2 shows the calculation for a bilayer system 
but Hsueh also details the summations necessary to account for multi-component 
geometries [1.121].  Stress is known to affect dislocation motion [1.7, 1.116] and 
diffusivity [1.114], which can further alter the relationships between structure, properties, 
processing, and performance for these materials. 
 
1.4. Intended Contribution of This Work to Scientific Community 
The desired end result of designing interfaces into coatings systems, such as in 
NMMs, is enhanced mechanical properties (e.g. strength).  Additionally, it is often 
intended that these systems remain stable long-term under demanding conditions (e.g. 
high temperature).  However, in order to understand how the increase in interfaces may 
impact the performance of these NMM systems, it is necessary to utilize specialized 
testing methods in order to probe local structure and properties.  The research outlined 
will accomplish that through the following three aims: 
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(I) Examining the Deformation and Strain Hardening Response of 
Nanoscale Metallic Multilayers to Nano-Wear Conditions (Chapter Two) 
 
To examine the wear behaviors of NMMs, it is sought to characterize the effect of 
wear deformation on resulting mechanical behavior (strain hardening susceptibility of 
layered architectures).  It is intended that these results will allow for enhanced design and 
understanding of NMM systems to achieve practical application in real-world 
environments (e.g. wear-resistant coatings).  By identifying the susceptibility of NMM 
systems to strain hardening, their long-term performance will be better understood.  
Additionally, further insight of NMMs wear response will foster their use and design for 
tribological applications by further examining the capabilities of the architecture. 
(II) Identifying the Progression of Residual Stress During Thermal Loading 
of Nanoscale Metallic Multilayer Systems (Chapter Three) 
 
In order to identify factors controlling thermal stress development in NMM 
systems, it is sought to measure residual stress in different NMM architectures during 
thermal loading.  Residual stress in thin films has been identified to play a role in their 
microstructural stability [1.15, 1.111–1.113], diffusivity [1.114], and failure due to 
buckling [1.122] or cracking [1.123].  Additionally, if mechanisms can be identified that 
control the development of residual stresses, stress could be utilized as a design tool for 
tailoring NMM systems for end use applications, such as high-strength coatings. 
(III) Characterizing the Partial Transformation of BCC Nb to FCC Crystal 
Structure (Chapter Four) 
 
Previous reports indicate that forming FCC Nb under specific circumstances is 
possible [1.22, 1.124–1.126], it is sought to examine the transformation of pure 
monolithic Nb from BCC to FCC crystal structure.  This transformation has not been 
24 
observed previously in pure Nb, with earlier reports being due to initial deposition [1.22, 
1.124] or to impurity content [1.125, 1.126].  Through the investigation of stress, 
structure, and mechanical response, previously theorized structures were confirmed.  
Further examination of this newly identified response will allow for greater 
understanding of the formation of FCC Nb. 
 
1.4.1. Model Systems For Examining Performance and Structural Stability of 
Nanoscale Metallic Multilayer Systems Under Mechanical and Thermal Loading 
 
For this study, Cu/Nb NMM systems were chosen as a model incoherent 
architecture due to its prevalence in literature [1.14, 1.15, 1.27, 1.34, 1.35, 1.76, 1.78, 
1.85].  The mechanical response of NMM Cu/Nb under normal loading is well 
characterized [1.14, 1.15, 1.27, 1.34, 35, 1.45, 1.85], and when heated Cu and Nb do not 
form intermetallic compounds [1.20, 1.127].  Additionally, through ARB processing it is 
possible to form bulk quantities using industrially relevant methods [1.32, 1.33, 1.39].  
Cu/Nb systems are known to exhibit a Kurdjumov-Sachs orientation relationship [1.89], 
where: 
Cu(FCC) // Nb(BCC) 
and: 
Cu(FCC) // Nb(BCC) 
This orientation relationship is observed for FCC/BCC interfaces and was first noted in 




been shown to exhibit a maximum hardness of approximately 6.5 GPa for architectures 
with 2.5 nm layers [1.27]. 
Examining NMM response to mechanical and thermal loading was accomplished 
through the use of varying architectures (layer thicknesses) and geometries (layer orders).  
The model systems examined in this study fell into two primary categories for overall 
film thickness: thinner 1 µm NMM systems (used for both wear and stress studies, Aims 
I, II) and thicker 10 µm NMM systems for the deformation study (Aim I).  A further 
description of the NMM films produced for Aims I and II can be found in Tables 1.2 and 
1.3. 
Table 1.2. NMM systems produced for studying the effects of architecture (layer 
thickness) on performance during and after mechanical loading (Aim I).  Thinner 1 µm 
NMM systems were fabricated at Clemson University with the Center for Optical 
Materials Science and Engineering Technologies (COMSET) Kurt J. Lesker sputter 
deposition system, thicker 10 µm NMM systems were deposited with the assistance of 
Mr. K. Baldwin at Los Alamos National Lab (LANL). 
 
Layer Thickness Thin NMM System (1 µm) Thick NMM System (10 µm) 
    2 nm N/A     2 nm Cu/Nb (LANL) 
  20 nm   20 nm Cu/Nb (COMSET)   20 nm Cu/Nb (LANL) 
100 nm 100 nm Cu/Nb (COMSET) 100 nm Cu/Nb (LANL) 
 
Table 1.3. One micrometer NMM systems produced for studying the effects of 
architecture and geometry on performance during and after thermal loading (Aim II). 
Film systems were fabricated at Clemson University with the Center for Optical 






Cu/Nb NMM Systems Nb/Cu NMM Systems Monolithic Systems 
Layer 
Architecture 
  20 nm Cu/Nb   20 nm Nb/Cu 1 µm Cu 
100 nm Cu/Nb 100 nm Nb/Cu 1 µm Nb 
Total Thickness of All Systems Were 1 µm 
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1.5. Multi-Scale Effects in Tribology 
The study of friction, wear, and lubrication is encompassed by the field of 
tribology, a term that was first defined by Jost in 1966 [1.129].  It has been estimated that 
4% of the United States’ gross national product is lost due to the ignorance of tribology 
($680 billion dollars per year in 2013) [1.129, 1.130].  Additionally, according to Jost 
[1.129, 1.130], the observance of better tribological practices could save approximately 
1% of an industrialized nation’s gross national product ($170 billion dollars per year in 
the United States in 2013).  With staggering costs associated with the consequences of 
tribological inefficiency and failures, greater understanding of friction and wear 
phenomena is paramount.  However, many factors are involved that span across a wide 
range of scales from the macro- to nano-levels including not only material aspects, but 
also surface topography, loading conditions, and environmental impacts [1.131]. 
In addition to the overviews of architectural control of materials (Section 1.1) and 
the insights into layered systems, particularly NMMs, (Sections 1.2 and 1.3) it is 
necessary to give an overview of primary factors influencing wear and friction.  The 
following overview seeks to establish the basis for examining wear response in NMMs 
and how their wear response fits into the larger field of tribology.  In the following 
sections, an overview to wear and related mechanisms will be discussed (Section 1.5.1), 
followed by discussions of applications of wear pertaining to bulk metals (Section 1.5.2), 
monolithic coatings (Section 1.5.3), and complex coatings (Section 1.5.4).  Finally, a 
discussion of the nature of macro- versus micro-/nano-tribology is included (Section 
1.5.5) to clarify some of the motivations of the NMM nano-wear study. 
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1.5.1. Overview of Wear and Wear Mechanisms 
Wear and friction, are both system responses, not material properties, that depend 
on not only the materials involved, but also the operating conditions as well [1.132].  In 
most applications, low friction and low wear are desirable, for example, inside of internal 
combustion engines or the disks of a computer’s hard drive [1.133].  Low-friction and 
low-wear in these situations result in minimal energy loss due to motion of the systems 
and the components last longer [1.133].  However, this is not always the case, as high 
friction is sometimes desirable in applications, such the braking system of a car to 
provide the force necessary to stop [1.132].  Likewise, if the graphite in pencils was very 
wear resistant, pencils would not write [1.132].  Thus, it is seen that the most desirable 
friction and wear responses are not the same for all conditions and are best optimized for 
their intended use. 
The process of wear, or the damage and removal of material from mobile surfaces 
in contact with one another, can be subdivided into multiple major types of mechanisms 
including: adhesive, abrasive, fatigue, and corrosive wear [1.134].  In the case of plastic 
contact, adhesive and abrasive wear mechanisms are the most prevalent, accounting for 
approximately two-thirds of all industrial wear [1.132].  Adhesive wear occurs when the 
two surfaces in contact have sufficient attraction between each other and damage 
typically involves shearing of surface features [1.134].  Abrasive wear occurs between 
materials when asperities (surface features) possessing varying strengths interact, which 
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often results in plastic flow of the softer material [1.132].  Abrasive wear can be further 
subdivided into cutting, wedging, and plowing modes (Fig. 1.11). 
 
Fig. 1.11. Major modes of abrasive wear as observed by SEM including cutting abrasion 
of steel pin on brass plate (A), wedging abrasion of steel pin on stainless steel plate (B), 
and plowing abrasion of steel pin on brass plate (C).  Taken without permission from 
[1.134]. 
 
Cutting abrasion is identified by the sharp removal of material in a cutting 
manner that often results in a ribbon-like debris particle (Fig. 1.11A) [1.134].  For 
wedging abrasion material builds up in a wedge-like shape ahead of the sliding 
counterface (Fig. 1.11B) [1.134]; it typically occurs in instances with high interfacial 
shear strength that limits the amount of displaced material [1.132].  Finally, plowing 
abrasion involves the plastic displacement of material to the side of the wear region but 
remains attached to the surface (Fig. 1.11C) [1.132].  It has been seen that by changing 
the hardness of a material the primary wear mode may correspondingly change [1.21], in 
softer materials plowing abrasion is more prevalent, and in harder materials cutting 
abrasion is more prevalent [1.134].  Identifying the predominant mechanisms for a given 




1.5.2. Wear of Bulk Metals and Alloys 
Metallic bonding contributes to high adhesion of metallic surfaces for most clean 
metals and alloys that results in high friction and wear rates [1.135].  However, surface 
contamination and lubricants will limit overall adhesion and rapidly reduce friction and 
wear [1.136, 1.137].  Softer metals such as Pb, Sn, and In are likely to deform under 
contact and as a result will have a large contact area even at low loads, this results in high 
wear rates [1.132].  Conversely, the harder metals such as Mg, Co, Mo, and Cr are often 
much more wear resistant [1.132].  As most metals typically form a thin (< 10 nm) native 
oxide on their surfaces after short periods of time, the nature of the surface oxide will 
dictate their effect on the wear response [1.135].  However, the removal of these often 
hard oxide particles from the surface can contribute to an abrasion mode known as third-
body wear [1.134], in which hard particles in between the sliding surfaces serve as 
aggressive abrasion sites. 
Comparing the hardnesses and relative wear resistance of various major 
microstructures of steel yields an interesting trend: harder microstructures (e.g. 
martensite) are more wear resistant than softer microstructures (e.g. spheroidite) [1.138].  
Additionally, the wear resistance of an alloy can be altered by selection of alloying 
elements.  For example, the inclusion of Co, Cr, and Mo into steels imparts additional 
wear resistance, as well as decreased sensitivity to corrosion [1.138, 1.139].  Often other 
design constraints on a system may limit the amount of flexibility available to match a 
material for its tribological properties (e.g. cost, complexity, machinability) [1.140].  For 
those cases, it may be desirable to apply a film or coating to the surface (Section 1.6.3) 
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1.5.3. Wear of Monolithic Coatings 
One of the primary engineering methods for increasing wear resistance would be 
to increase the hardness of the materials involved [1.132].  Changing the hardness can 
result in altering the available wear mechanisms that a system will undergo during the 
sliding process [1.134].  Sometimes it becomes impractical to change the hardness of the 
entire part in question due to issues including cost and complexity.  In these situations, it 
may be desirable to apply a surface coating that can impart wear-resistance [1.140].  
Coatings can be applied in a variety of methods including PVD, electrochemical 
deposition, thermal spraying, and chemical vapor deposition [1.140].  Hard coatings such 
as metal oxides, nitrides, and carbides have been shown to reduce the wear rate by 
shielding the underlying material from deformation [1.140].  Soft coatings, on the other 
hand, are often used to reduce friction, but often have poor wear properties [e.g. graphite 
and polytetrafluoroethylene (PTFE, or Teflon®)] [1.140].  Newer materials such as 
diamond-like carbon films (DLC) have shown to possess both low wear and low friction 
behavior and are being used in high-performance applications [1.141].  From the wide 
array of choices and applications, it is clear that the determination of an ideal coating is 
dependent on context and involves many factors [1.140]. 
However, the consequences of coating failure can become catastrophic; very 
localized damage is seen to occur at the points of failure [1.142].  This is especially 
apparent in tribocorrosion conditions where defects in the coating can become 
autocatalytic for issues such as pitting corrosion [1.143].  In the case of hard coatings, the 
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wear debris can function as hard, abrasive, third-body particles that can exaggerate wear 
once the coating shows appreciable material loss [1.110].  Thus it must be sought to 
ensure that the coatings applied to a material will be robust enough to resist failure and 
will not end up causing more damage than the initial operation of an uncoated system 
[1.140]. 
 
1.5.4. Wear of Complex Coatings 
In addition to monolithic coatings, recent research has shown potential advantages 
of utilizing multi-component coatings to optimize wear behavior.  Initially, researchers 
sought to use interlayers and bilayers to further augment the wear response of coatings 
[1.144, 1.145].  Srivastava et al. examined wear of hard tungsten carbide films, and the 
wear rate was seen to be greatly affected by changing the interlayer material [1.144].  
Similarly, through examination of various interlayers beneath CrN coatings, Ni et al. 
identified links between the elasticity of an interlayer and the susceptibility to wear 
damage [1.145].  Tian and Saka [1.146] further established that the extent of substrate 
deformation could be controlled by augmenting the interlayer using a finite element 
model of a layered system under sliding contact.  The successes of these bilayer and 
interlayer coating geometries led to the utilization of multilayered coatings in tribological 
environments; leveraging the composite benefits of these multicomponent systems for 
wear resistance [1.17, 1.21, 1.107–1.110]. 
As was described in Section 1.5.2, NMM coatings have shown increased wear 
resistance in comparison to their monolithic counterparts [1.17, 1.21].  In addition, 
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researchers have utilized combinations of both metallic and ceramic components within a 
multilayer system in order to further increase wear resistance [1.110].  Researchers have 
observed that for different metallic-ceramic nanoscale multilayer systems, wear damage 
is reduced when layer thickness is decreased [1.107–1.109], similar to results on metallic-
metallic systems [1.17, 1.21].  These systems make use of the high hardness of the 
ceramic component as well as added toughness and resilience of the metallic component 
[1.107–1.109].  Ceramic coatings are often prone to defects such as pinholes, whereby 
the application of metallic interlayers can serve to block the path of the defect to the 
substrate and prevent localized damage that can cause premature failure [1.147].  Despite 
this work, the impact of wear deformation on the subsequent mechanical response of 
NMM systems have not been made clear. 
 
 
1.5.5. Macro- Vs. Micro-/Nano-tribology 
In order to further understand the overall deformation processes associated with 
the phenomenon of wear it may be necessary to examine small-scale interactions using a 
counterface with a size similar to a typical asperity (surface feature) [1.131].  
Additionally, nano-wear testing allows for the examination of the tribological response of 
systems that would not be possible in composites with nanoscale components such as 
NMMs [1.148].  Due to the small contact area and precise load control, a wide variety of 
contact pressures are attainable using nanotribological testing methods [1.21, 1.149–
1.151].  These micro & nanotribological approaches can be coupled with small-scale 
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mechanical testing such as nanoindentation to probe the subsequent mechanical response 
of worn material on a local scale [1.149–1.151]. 
 
1.6. Summary 
Through previous work on complex and nanocomposite systems, there is great 
potential for NMM architectures to make a significant impact in applications such as 
wear resistant coatings [1.17, 1.21] and radiation tolerant materials [1.42].  These systems 
have the capability to be fabricated in bulk quantities that are stable at high temperatures 
[1.20].  However, questions still remain as to their response under mechanical [1.152] 
and thermal [1.15] loading.  This work seeks to examine some of the issues surrounding 
these questions by examining the model system of Cu/Nb NMMs.  This will be achieved 
by examining the wear response of these NMM systems (Chapter Two), characterizing 
their stress development during thermal loading (Chapter Three), and further identifying 
the development of FCC Nb (Chapter Four).  Finally overarching themes, larger 
implications of this work and future directions will be discussed (Chapter Five). 
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IDENTIFYING DEFORMATION AND STRAIN HARDENING 
BEHAVIORS OF NANOSCALE METALLIC MULTILAYERS 
THROUGH NANO-WEAR TESTING 
[This chapter was prepared for submission to Metallurgical & Materials Transactions A] 
 
2.1. Introduction to Deformation and Wear of Nanoscale Metallic Multilayers 
Wear is defined as the deformation and material loss due to sliding contact [2.1].  
Wear is an issue in a variety of applications, including industrial [2.2, 2.3], aerospace 
[2.4], and orthopaedic [2.5] systems among others.  Nanoscale metallic multilayers 
(NMMs) are one system that has shown promise for use in applications that require wear-
resistance.  NMM systems are composed of bonded stacks of alternating metallic layers 
with sub-100 nm individual layer thicknesses.  This small layer thickness leads to a very 
high density of layer interfaces [2.6], which in turn imparts high hardness while retaining 
appreciable ductility [2.7].  These properties make them particularly useful as 
freestanding high-strength foils [2.8], wear-resistant coatings [2.9], and potentially 
microelectromechanical systems (MEMS) electrical contacts [2.10].  However, for such 
systems to become practical, particularly in terms of long-term durability, the 
susceptibility to strain hardening and wear response must first be quantified. 
Tribological response is complex and does not depend solely on initial hardness 
[2.1].  The wear behavior of a system also varies as a function of applied load [2.11, 
2.12], sliding velocity [2.12, 2.13], and elastic properties [2.13, 2.14].  For this reason, 
wear response must be determined in addition to studies of static mechanical behavior.  
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Additionally, the tribological test should be designed to mimic the conditions that could 
be seen for a system’s real world application [2.13], due to the possibility of NMM 
systems used in MEMS contacts [2.10], nano-wear testing was chosen. 
Some studies have previously examined some wear properties of NMM systems, 
and have already highlighted their potential as deformation resistant systems [2.3, 2.9].  
When coherent and semi-coherent NMM systems have been studied under scratch [2.3] 
and wear [2.9] conditions, it has been observed that the NMM geometry provides 
superior resistance to deformation compared with their monolithic constituents.  Haseeb 
et al. examined Cu/Ni under fretting wear conditions and observed that, although the 
NMM films examined had a greater coefficient of friction than the monolithic Cu 
counterpart, their wear resistance was superior for both 5 nm and 10 nm layered systems 
(contact pressure ≈ 200 MPa) [2.9].  When using nanoscratch testing to discern the wear 
response of NMM Cu/Ag, Wen et al. observed plowing abrasion modes for thicker 
layered systems (50 nm and 100 nm individual layers) with a transition to cutting 
abrasion for thinner, 10 nm systems (contact pressure ≈ 33 GPa) [2.3].  Additionally, 
localization of strain has been observed under normal loading for both Cu-Ni and Cu-Nb 
near the application of the load [2.15] due to the layered architecture [2.16].  An 
important consideration is that the normal loading behavior does not always correlate 
with sliding contact results due to the complex loading geometries involved [2.1].  With 
the high interfacial density, some researchers have hypothesized that a layered geometry 
under shear stress can deform as a stack of freestanding films [2.17]. 
 
 49 
Specific deformation mechanisms that govern NMM systems have been 
hypothesized [2.18].  For example, layer thickness controls the available deformation 
mechanisms, which can be separated into three primary regimes [2.19].  At larger scales 
(t > ≈ 75 nm) yielding is governed by a typical Hall-Petch [2.20, 2.21] type behavior.  
Here, dislocation pile-ups can form at layer interfaces with the yield strength as a 
function of the inverse square root of the layer thickness [2.19, 2.22].  A further decrease 
of that dimension (≈ 5 nm < t < ≈ 75 nm), however, reduces the available volume in 
which dislocation pile-ups can form.  In this region, plastic deformation is governed by 
the confinement of single dislocations to individual layers, termed confined layer slip 
(CLS) [2.18].  Further below the CLS regime (t < ≈ 5 nm), layers become thin enough 
that the dislocation cores will overlap the layer interface.  Because of this overlap, the 
energy needed for a dislocation to cross the interface is reduced [2.19], and the strength 
of the NMM is decreased.  Although these mechanisms have been observed [2.23], it is 
still unclear how traditional strengthening mechanisms of three-dimensional systems 
(work hardening) will occur when geometrical strengthening (layer thickness) has been 
optimized for normal loading in NMM systems. 
For monolithic film systems, observed strain hardening is decreased as grain size 
is reduced.  For example, Cordill et al. identified that a 1 µm grain size of 
electrodeposited Ni exhibited a strain hardening exponent of n = 0.03 [2.24].  This 
finding was smaller than those calculated by Allameh et al. for electrodeposited Ni with 
larger grain sizes (2-5 µm: n = 0.08, 5-10 µm: n = 0.13) [2.25].  The strain hardening 
exponent for bulk Cu is approximately 0.35 [2.26] and for Nb is comparable (n ≈ 0.2-
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0.25) [2.27], analogous to other bulk metals (n ≈ 0.2-0.4) [2.28].  In a previous 
examination of strain hardening in NMM Cu/Nb, Misra et al. determined the exponent to 
be 0.029 for 30 nm Cu/Nb layers [2.26].  Misra et al. determined this by sputter 
depositing various layer thicknesses of Cu/Nb and then rolling them to a final layer 
thickness of 30 nm to achieve varying amounts of strain and then measured their 
hardnesses with nanoindentation [2.26].  This low degree of strain hardening for Cu/Nb 
NMMs [2.26, 2.29] can be compared with similar tensile fracture strains in multiple 
studies of NMM Cu/Nb [2.8, 2.30].  From predictions of the onset of necking (ε = n) 
[2.26, 2.31], the strain hardening approximations were confirmed. 
The susceptibility of systems to strain hardening is controlled by both material 
and microstructural impacts [2.28], thus it makes it necessary to examine the impact of 
these layer thickness deformation regimes on the hardening response of NMM systems.  
This study will examine the effect of wear on the structure and mechanical response of a 
well-characterized system under normal loading: Cu/Nb [2.23, 2.26, 2.32–2.36].  It is 
hypothesized that the primary deformation mechanisms will control the extent of strain 
hardening that is achievable due to the nanostructures of these systems.  To isolate 
specific deformation mechanism regimes, varying thicknesses of the NMMs (individual 
layer and total film thickness) were examined.  Modified nanoscratch testing was utilized 
to create regions of mechanical wear or “wear boxes”.  To measure the resulting 
mechanical response of strained NMMs, nanoindentation tests were performed inside of 





2.2. Experimental Methods 
2.2.1. NMM Fabrication 
The Cu/Nb NMM film systems for this study were fabricated by magnetron 
sputter deposition onto (100) Si wafers (350-400 µm thickness, n-type, < 2 Å roughness, 
Wafer World Inc.).  Three different individual layer thicknesses were chosen (2 nm, 20 
nm, and 100 nm layers) to highlight the transition of deformation modes between the 
dislocation pile-up (t > ≈ 75 nm), the confined layer slip (≈ 5 nm < t < ≈ 75 nm), and the 
interface crossing (t < ≈ 5 nm) regimes [2.18].  The NMM systems were deposited with a 
total film thickness of either one or ten micrometers to examine the variation between the 
deformation of a coating architecture and the deformation of the NMM architecture itself.  
The three layer thicknesses and two total thicknesses chosen yielded a total of five 
sample types (Table 2.1).  There was no 2 nm layered 1 µm sample due to the constraints 
of the varying deposition systems. 
Table 2.1. Sample matrix showing two total thicknesses and three individual layer 
thicknesses chosen to highlight effects of varying deformation modes. 
 
Layer Thickness Thin NMM System (1 µm) Thick NMM System (10 µm) 
    2 nm N/A     2 nm Cu/Nb (LANL) 
  20 nm   20 nm Cu/Nb (COMSET)   20 nm Cu/Nb (LANL) 
100 nm 100 nm Cu/Nb (COMSET) 100 nm Cu/Nb (LANL) 
 
The 1 µm systems were deposited at the Clemson University Center for Optical 
Materials Science and Engineering Techologies (COMSET) using a Kurt J. Lesker 
sputter deposition system under 9.5 mTorr Ar pressure, with 100 W DC for Cu and 200 
W RF for Nb yielding rates of 4.0 nm/min (Cu) and 2.8 nm/min (nm/min).  The 10 µm 
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NMM systems were deposited at the Center for Integrated Nanotechnologies by Mr. J. K. 
Baldwin using an AJA International Inc. sputter deposition system under 2 mTorr Ar 
pressure, with 300 W DC yielding deposition rates of 36 nm/min (Cu) and 15 nm/min 
(Nb).  All depositions were carried out at ambient temperature. 
 
2.2.2. Initial Characterization 
The film residual stress was estimated using the changes in the substrate curvature 
as measured before and after deposition with a Veeko Dektak3 diamond stylus 
profilometer, and calculated using Stoney’s equation [2.37].  This curvature was 
measured using 20 mm line scans, with seven radial measurements taken per sample both 
before and after deposition.  Initial surface roughness (Ra) of the NMM systems was 
determined using tapping mode atomic force microscopy (AFM) scans on a Veeco 
Dimension system.  Specimens for transmission electron microscopy (TEM) were 
performed using a Hitachi NB-5000 focused ion beam (FIB).  These lift-out foils were 
then observed using a Hitachi HF-3300 field emission gun (FEG) TEM/STEM. 
 
2.2.3. Nano-Wear Testing 
Wear boxes with various degrees of plastic strain were generated in accordance 
with the previous work of Cordill et al. [2.24, 2.38].  These wear boxes were performed 
using a Hysitron Triboindenter with a diamond conical tip (nominal radius: 1 µm).  Each 
wear box was 40 µm × 40 µm in size with 150 µm spacing between adjacent boxes.  The 
amount of plastic strain was controlled by varying the load and number of lateral passes 
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using the normal applied loads of 100, 500, 800, and 1200 µN, to yield Hertzian contact 
pressures [2.39] of 11, 19, 22, and 25 GPa respectively.  These loads were applied for 
either one or ten lateral passes.  Additionally, tests with five passes were performed at 
500 µN for the 1 µm samples as a moderate strain condition for examination via TEM.  
The scanning rate used for these experiments was 0.5 Hz yielding an effective sliding 
velocity of 40 µm/s.  The loading conditions used (i.e. normal load, contact pressure, 
sliding velocity) were based on previously validated methods for examining nano-wear 
contact for metallic systems [2.24, 2.38, 2.40], which initiated sufficient deformation for 
study within reasonable test lengths.  In order to minimize the accumulation of material 
transferred to the indentation tip, an array of four 12,000 µN indentations were performed 
on single crystal aluminum following each pair of tests under a single load (one and then 
ten passes). 
 
2.2.4. Post-Deformation Characterization 
Following wear deformation; the mechanical responses of the strained NMM 
systems were measured with nanoindentation via the Triboindenter system.  A three-
sided Berkovich diamond indentation probe, calibrated using fused quartz immediately 
prior to testing.  Within the wear boxes, three-by-three arrays of indentations were 
performed.   A ten micrometer spacing was kept to avoid any interaction between 
adjacent deformation caused by previous indentations.  A partial unloading 
nanoindentation process was used with five individual hold segments at 1000, 2000, 
3000, 4000, and 5000 µN, with a loading rate of 1000 µN/sec, and a 50% unloading after 
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each hold.  The use of five segments was chosen to obtain multiple hardness values from 
a single quasistatic indentation test.  This use of five unloading portions per indent 
yielded a maximum of 45 indentation measurements for each wear condition.  Following 
indentation testing, additional indents were performed on the NMM samples between the 
wear boxes to ensure that there was no overlapping wear damage and to determine the 
uniformity of hardness across the entire test area.  After the conclusion of indentation 
testing, further indents of the fused quartz nanoindentation standard verified that the tip 
shape function remained valid throughout testing. 
An Olympus LEXT OLS-4000 3D laser scanning microscope and AFM were 
used to assess the morphology of the wear deformation.  Specifically both microscopes 
were used to assess the deformed and undeformed regions of the films to determine the 
extent of the deformation.  The Olympus system was used to determine the volume lost in 
each wear box, and tapping mode AFM (Veeco Dimension) was used to monitor the 
surface roughness (Ra) before and after wear testing. 
 
2.3. Results and Discussion 
2.3.1. Initial Properties 
The layer thickness dependence of hardness is well demonstrated for NMM 
geometries [2.19, 2.41, 2.42] and for Cu/Nb in particular [2.33, 2.34, 2.41, 2.43, 2.44].  In 
both of the total film thicknesses examined, the hardness increased with a corresponding 




Fig. 2.1. The hardness variations of NMM films with respect to individual layer thickness 
and total thickness.  The NMM systems show the expected trend of increased hardness 
with decreasing layer thickness. 
In addition to being able to increase hardness by controlling layer thickness, the 
prepared Cu/Nb films exhibited predictable initial properties (Table 2.2).  The elastic 
moduli were unaffected by the layer thickness.  The surface roughness of the 10 µm films 
was greater than the 1 µm films, which is expected as film roughness typically increases 
with increasing film thickness [2.45].  The observed residual stresses are comparable for 
other NMM systems [2.46] and range from 300 MPa in tension to 90 MPa in 
compression. 
Table 2.2. Initial film properties before wear deformation: Cu/Nb films show mild to 
moderate stress.  Note: positive stress values denote a tensile stress. 
 




(E) [GPa] Residual Stress (σ) [MPa] Roughness (Ra) [nm] 
  20 nm  –  1 µm 5.39±0.27 130±7 300   3.0 
100 nm  –  1 µm 4.36±0.20 121±7 -90   4.1 
    2 nm – 10 µm 5.83±0.13 121±6     2 22.2 
  20 nm – 10 µm 4.53±0.20 136±6 185 11.3 




2.3.2. Wear Deformation 
After the Cu/Nb NMM systems were worn, the volume lost was measured (Fig. 
2.2).  Fig. 2.2 shows the volume loss that was caused by the 800 µN 10 pass wear 
condition for each of the samples examined.  Thinner individual layers result in less 
volume lost during the wear test.  This loss correlates with the as-deposited hardness 
measured by nanoindentation, as under most conditions a harder system would be 
expected to deform less under similar loading [2.47].  Although this trend of wear 
damage has been observed in both coherent (Cu/Ni, contact pressure ≈ 200 MPa [2.9]) 
and semi-coherent (Cu/Ag, contact pressure ≈ 33 GPa [2.3]), to the authors’ knowledge, 
these corresponding wear properties have yet to be examined for incoherent metallic 
systems (e.g. Cu/Nb). 
 
Fig. 2.2. The volume lost during the wear tests as estimated by non-contact profilometry.  
Thinner layers yielded less wear for both total NMM thicknesses examined.  Data shown 




The volume loss measurements made with laser scanning microscopy were 
validated by measuring the change in height between the undeformed surface and the 
base of the wear box as determined by AFM (Fig. 2.3). 
 
Fig. 2.3. AFM images of the edges of 800 µN-10 pass wear boxes in A) 20 and B) 100 
nm Cu/Nb (both with 10 µm total thickness) showing the buildup of debris.  Note that the 
thinner layered systems exhibit a larger degree of wear debris accumulation, which is 
consistent with the transition from the plowing abrasion to the cutting abrasion previously 
noted for similar systems [2.3]. 
 
An examination (Fig 2.3) of the boundaries of the wear boxes for varying NMM 
geometries revealed that the thicker layered systems generated less loose wear debris than 
the thinner systems under equivalent loading conditions.  These results are consistent 
with the earlier observations of a wear morphology transition, caused by plowing 
abrasion in thicker layered systems and cutting abrasion in thinner layered systems 
(NMM Cu/Ag, contact pressure ≈ 33 GPa) [2.3].  Transitions in abrasion modes have 
been linked to changes in hardness of the materials in the wear system [2.1].  The cutting 
abrasion mechanism yields more loose wear debris as seen in Fig. 2.3.  Transitions in 
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abrasion modes have been linked to changes in hardness of the materials in the wear 
system [2.1]. 
By examining the surface topography of the NMM systems within the wear box, 
significant changes in the roughness were observed, that were caused by the varying 
conditions of wear (Table 2.3).  Compared with as-deposited roughness measurements, it 
is seen that increases in wear load and number of passes in turn cause further decreases in 
surface roughness. 
Table 2.3. Surface roughness results before and after nano-wear box experiments.  The 
worn regions become smoother as the initial roughness from film deposition (tops of 
grains) is removed, with the subsequent evolution of the abrasion morphology that is 







20 nm - 
1 µm 
100 nm 
- 1 µm 
2 nm - 
10 µm 
20 nm - 
10 µm 
100 nm 
- 10 µm   
20 nm 
- 1 µm 
100 nm 
- 1 µm 
2 nm - 
10 µm 
20 nm - 
10 µm 
100 nm - 
10 µm 
Undeformed 3.0 4.1 22.2 11.3 11.7   3.0 4.1 22.2 11.3 11.7 
  100 µN 2.4 2.6 18.9 7.6 6.6 
 
1.8 2.5 17.6 9.4 6.5 
  500 µN 1.6 2.5 10.0 4.6 4.6 
 
0.9 1.3 8.6 2.7 3.8 
  800 µN 1.3 1.7 11.1 3.7 5.3 
 
0.9 0.9 8.5 2.8 2.7 
1200 µN 1.3 1.6 12.1 3.1 3.2   0.7 0.7 11.6 10.5 2.4 
 
At the 1200 µN-10 pass wear condition, an increase in surface roughness could 
indicate the initial evolution of a typical abrasion morphology previously observed by 
Cordill et al. [2.24].  However, this evolution could not be further confirmed with higher 
load wear tests due to limitations of the testing apparatus used.  These results are 
consistent with previous nano-wear studies performed on monolithic metallic systems 
[2.24, 2.40].  Also, the initial decrease in surface roughness for lower wear loads has been 
previously identified for this wear method [2.38]. 
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TEM lift-out samples were prepared from within the wear boxes to examine the 
effect of the deformation on the underlying layered structure.  Results indicated that even 
after moderate wear conditions a minimal effect on the layered structure was observed, as 
shown in the cross-sectional views (Fig. 2.4).  The layered structure has remained intact, 
with the extent of deformation not easily identifiable via visual inspection. 
 
Fig. 2.4. TEM cross-sections of 2 nm as-deposited NMM structure (A), beneath 500 µN-
10 pass wear box for the 2 nm system (B), 20 nm as-deposited NMM structure (C), 
beneath 500 µN-5 pass wear box for the 20 nm system (D), 100 nm as-deposited NMM 
Structure (E), and beneath 500 µN-5 pass wear box for the 100 nm system (F).  The inset 
images give a more magnified view of the near surface layers in the 2 and 20 nm layered 
geometries.  The 2 nm system examined with TEM had a total thickness of 10 µm, the 20 
and 100 nm systems examined with TEM had 1 µm total thicknesses.  Although further 
analysis is needed to clearly elucidate the induced deformation, the layered geometry 
remains intact. 
 
The local strain becomes apparent when the individual layer thicknesses are 
measured from the cross-sectional views.  Note the percent of reduction of each layer in a 
100 nm Cu/Nb NMM system after wearing at 500 µN and 5 passes (Fig. 2.5B).  It is 
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observed that the thicknesses of the Cu layers are reduced by a greater amount than the 
thicknesses of the harder Nb layers (top two layer reductions: Nb: 8.0 ± 5.2 % vs. Cu: 
18.2 ± 5.0 %).  Previous studies of Cu/Nb have observed uniform thinning for both types 
of layers (co-deformation) under normal loading [2.15, 2.48], however this non-uniform 
deformation has been observed for metal-ceramic systems, such as Al/SiC [2.49, 2.50].  
Additionally the strain is more evident in the layers that are the closest to the application 
of the load (numbered with respect to the deposition sequence with layer 10 being the last 
and topmost layer).  Also of note is the appreciable reduction observed in all layers 
throughout this 1 µm film.  Unfortunately, the amount of variance in the resulting data 
precluded the use of the current measurement method to draw conclusions about the local 
strain in the thinner layered systems [20 nm (Fig 2.5A) and 2 nm]. 
 
Fig. 2.5. A graph of the local layer reduction for A) 20 nm Cu/Nb NMM and B) 100 nm 
Cu/Nb NMM systems (1 µm total thickness) beneath a 500 µN-5 pass wear box.  
Measurements of both deformed and undeformed regions were used to calculate local 
strain, with a higher deformation observed in the softer layers (Cu). This reduction was 
localized to upper layers that are closer to the point of load application.  Note the 
persistence of considerable strain throughout the entire 1 µm system.  The layers are 
numbered with respect to deposition order, with layer 1 the base layer.  The variability in 
thickness measurements of the 20 nm Cu/Nb NMM system precludes the ability to draw 




In addition to the geometric extent of deformation, TEM was also used to 
examine the effects of the wear on the structure.  Selected area diffraction patterns 
(SADP) of the NMM systems show that all samples are polycrystalline with multiple 
orientations/textures as seen in the diffuse Debye rings (Fig. 2.6).  When comparing the 
patterns taken inside of the wear boxes with their undeformed counterparts, greater non-
uniformity in the Debye rings of the worn samples is observed for the 20 nm and 100 nm 
systems (Fig. 2.6).  The decrease in uniformity of the Debye rings is indicative of an 
increase in orientation texturing caused by the deformation.  A similar increase in such 
texturing has been observed in NMM structures that were fabricated by accumulative roll 
bonding (ARB), which involves repeated rolling deformation during fabrication [2.51].   
 
Fig. 2.6. A comparison of the undeformed regions of the electron diffraction patterns for 
2, 20, and 100 nm Cu/Nb systems with those beneath the wear boxes in Fig. 4.  A 
decrease in the uniformity of diffraction rings indicates a possible increase in the 
texturing of microstructure due to wear deformation in the 20 and 100 nm systems.  
Minimal changes are observed in the 2 nm system following deformation. 
 
Grain growth is also a possible cause for the change in Debye rings seen in the SADPs, 
however this would require significant heating to occur (approximately 540 ˚C and 1230 
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˚C for Cu and Nb respectively) which in air would cause substantial surface oxidation 
[2.33].  Oxidation was not observed in the conditions used (Fig. 2.3 and 2.4). 
Additional TEM analysis utilizing Fourier filtering to enhance visibility of 
dislocations was attempted.  However, the micrographs that were obtained for use with 
the Fourier filtering technique were not of sufficient resolution to yield meaningful 
results with this attempt.  This technique is still being pursued to encourage more insight 
to be gained on the dislocation behavior capture in existing TEM data. 
 
2.3.3. Mechanical Properties 
Nanoindentation tests were conducted within the worn regions of the examined 
Cu/Nb NMM systems to determine the mechanical impacts of wear deformation.  The 
indentation tests were performed below ≈ 150 nm to remain within the estimated plastic 
deformation zones formed by the nano-wear testing.  Indentations were also performed 
between the wear boxes to preclude the possibility of interaction between the plastic 
zones of the adjacent wear boxes.  No such interaction is observed to occur, as the 
indentations taken between adjacent wear boxes were consistent with undeformed results 
(Table 2.4). 
Table 2.4. Comparison of initial hardness values with the mean hardness calculated from 
indents taken in between adjacent wear boxes.  No interaction was observed between the 
worn regions and indents taken in between wear boxes. 
 
NMM Cu/Nb Architecture Initial Hardness (GPa) Average Hardness In Between Wear Boxes (GPa) 
  20 nm  –   1 µm 5.39 ± 0.27 5.67 ± 0.13 
100 nm  –   1 µm 4.36 ± 0.20 4.54 ± 0.32 
    2 nm – 10 µm 5.83 ± 0.13 5.20 ± 0.85 
  20 nm – 10 µm 4.53 ± 0.20 4.48 ± 0.58 
100 nm – 10 µm 3.78 ± 0.23 3.82 ± 0.30 
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The Oliver-Pharr method was the primary analysis used to determine the hardness 
and elastic modulus for 1 µm systems [2.52].  Due to the elevated surface roughness and 
the low indentation depth needed to examine the plastic zones, the Oliver-Pharr method 
did not yield representative results for the 10 µm films due to an inaccurate contact area 
determination [2.24].  Instead, hardness in the 10 µm systems was determined using 
Joslin-Oliver analysis [2.53].  The Joslin-Oliver method is well established, having been 
used to determine hardness inside of wear boxes [2.24], to mitigate the roughness effects 
in nanoindentation [2.53], and to correct for substrate effects on thin film systems [2.54]. 
The Joslin-Oliver hardness (H) was determined using the contact stiffness, S, the 
maximum load, P, and the measured reduced modulus, E*, taken from deeper quasi-static 
indents, which is expressed as: 
     ! = !!∗
!!
!!!      (2.1) 
This alternative approach for determining the hardness is novel in that it allows for the 
accommodation for surface roughness, as well for the pile-up and sink-in that is 
appreciable at the low indentation depths examined under instances where the reduced 
modulus is known [2.53]. 
It was observed for all wear conditions that an increase in wear load resulted in a 
corresponding increase in hardness (Fig. 2.7).  This increase in hardness exceeds what 
might be expected from the observed changes in layer thickness.  Although monolithic 
systems examined previously showed a pronounced increase in hardness with increasing 
numbers of passes [2.24, 2.38], no such results were observed for these Cu/Nb NMM 
systems under the conditions in which they were examined.  A comparison of the 
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hardness of samples (from 1 to 10 pass) found a consistently greater value in all 10 pass 
samples, while still remaining within one standard deviation in almost all cases. 
 
Fig. 2.7. Nanoindentation testing results detailing the hardness of NMM systems within 
the wear boxes under various loading conditions.  The Oliver-Pharr [52] analysis was 
used to determine the hardness values for 1 µm systems and the Joslin-Oliver [53] 
analysis was used to determine the hardness in the 10 µm films in the presence of 
elevated surface roughness.  The solid lines on the graphs indicate the undeformed film 
hardness; the dashed lines indicate one standard deviation on either side of the mean. 
 
It is observed that the hardnesses of thicker (100 nm) systems were more greatly 
impacted by wear than the thinner (2 and 20 nm) systems, as seen by a larger increase 
with respect to undeformed measurements.  The hardness values for the 100 nm systems 
show the greatest change between undeformed and 100 µN.  Indeed, this increase in 
hardness was so great that the hardness of the worn 100 nm Cu/Nb system samples was 
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comparable to the 20 nm systems under similar wear conditions.  Also, although the 
hardness of the 2 nm systems was still greater than the 20 and 100 nm systems at all 
conditions examined, the relative differences between the 2 nm systems and the others 
were decreased after wear deformation. 
A comparison of the 1 µm and 10 µm systems yielded similar results, with the 
primary difference noted as varying amounts of scatter in the deformed nanoindentation 
results (Fig. 2.7).  The indentations taken within the wear boxes of the 10 µm systems 
show greater variance than their 1 µm counterparts, likely due to elevated surface 
roughness and low indentation depth, despite the Joslin-Oliver analysis method [2.53].  
Utilizing two total film thicknesses with an order of magnitude in separation did not yield 
distinct responses, indicating no obvious effect of the substrate under all criteria 
examined.  While there are clear and pronounced substrate effects under certain 
conditions [2.54, 2.55], for those examined in this study there is no distinct effect on the 
wear results of thinner and thicker films/coatings. 
2.3.4. Strain Hardening 
The effects of the wear deformation on the resulting hardness measurements were 
further examined by observing the extent of the strain hardening for the various NMM 
architectures in this study.  The size of the plastic zone, c, was determined using 
Johnson’s cavity model [38, 39]: 
     ! = !!!!!!"     (2.2) 
 
 66 
where P is the wear load and σys is the yield strength (approximated as σys=H/3 by the 
Tabor relation [2.56]).  This approximation has been shown to be reasonably valid for the 
monolithic metals subjected to a similar nano-wear deformation technique [2.38].  For the 
nanoindentation test results that lay within the estimated plastic zone, the accompanying 
plastic radial strain was determined using a previously identified relationship 
demonstrated by Gerberich et al. [2.57, 2.58].  The plastic radial strain, εrp, is 
approximated by: 




!! − 1     (2.3) 
where ν is Poisson’s ratio (approximated as ν = 0.37 [2.59]), σys is the yield stress, E is 
the previously measured elastic modulus for the NMM architectures taken from the 
quasi-static indents, c is the radius of the plastic zone determined in Eq. 2.2, and r is the 
distance from the point of contact (indentation contact depth).  This method has been 
previously used to examine strain hardening using similar techniques for monolithic 
metals [2.24]. 
The strain hardening in the plastic region of deformation was then modeled as a 
power law relationship where stress, σ, can be approximated by: 
     ! = !!!     (2.4) 
where K and n are the strain hardening constants, which depend on both material and 
microstructural constraints [2.28].  The strain hardening behavior for all Cu/Nb NMM 
systems was determined in this manner, and was found to be relatively modest (Fig. 2.8).  
For all systems examined, the strain hardening exponent (n), was determined to be less 
than 0.05, which for bulk metals is typically much greater (≈ 0.2-0.4) [2.28].  This 
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method revealed that the 100 nm layered systems experience a greater degree of strain 
hardening (n ≈ 0.041) than the thinner systems (2 and 20 nm, n ≈ 0.018 and n ≈ 0.022 
respectively).  The values determined for the 20 nm systems (n ≈ 0.026 and 0.022, for 1 
µm and 10 µm respectively) were also found to be comparable to those previously 
determined by Misra et al. for Cu/Nb NMM systems with a layer thickness of ≈ 30 nm 
(0.029) [2.26]. 
 
Fig. 2.8. Mechanical response of deformed Cu/Nb NMMs from nanoindentation tests 
within the wear boxes.  To illustrate the low rates of strain hardening for these NMM 
systems, Eq. 2.3 was used to approximate the strain and Tabor’s relation was used to 
approximate the flow stress.  The 100 nm systems showed more strain hardening than the 
thinner systems (20 and 2 nm individual layers). 
 
No discernable change was observed in the strain hardening behavior for the two 
total thicknesses under study (1 µm and 10 µm).  Specifically, when the total film 
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thickness was varied by an order of magnitude, no change in substrate effect was 
observed.  As with the hardness measurements (Fig. 2.7), the 10 µm systems also 
exhibited a much greater data variance, which did correspond with a lower degree of fit 
for the regressions performed.  In those particular regressions, the strain hardening 
models do not explain the majority of the measurement variance in those particular 
regressions (i.e. scatter in nanoindentation data) they nonetheless reflect similar 
relationships to the 1 µm systems. 
The regression parameters from the 10 µm systems were then used to further 
illustrate the impact of individual layer thicknesses.  A comparison of this strain 
hardening behavior modeled in Fig. 2.8 shown together in Fig. 2.9 clearly shows that as 
the plastic strain approaches unity, the 100 nm system reaches the level of the 20 nm 
system.  Strain hardening, however, is inadequate for bridging the gap between the 
thicker (20 and 100 nm) and the thinnest (2 nm) system. 
 
Fig. 2.9. A comparison of the strain hardening relationships determined for 10 µm Cu/Nb 
NMM architectures with 2 nm, 20 nm, and 100 nm thick layers.  At strains of ≈ 1, the 
higher strain hardening exponent increases the stress of the 100 nm system to that similar 




These results clearly emphasize one important finding: when considering the 
implications of the single-dislocation based strengthening mechanisms [2.18] lower strain 
hardening exponents of thinner systems (2 nm and 20 nm) may be expected.  In larger 
layers, where dislocation pile-ups are forming, this additional dislocation density can 
greatly influence the plastic behavior, which in turn is observed as appreciable strain 
hardening.  In systems where plastic deformation is governed by motion of individual 
dislocations, it is no surprise that the achievable strain hardening is reduced (2 nm and 20 
nm systems).  It can be seen that in certain samples (100 nm vs. 20 nm) the hardness 
resulting from the wear deformation is more substantial than the layer thickness of the 
initial architecture; and in the thinnest system (2 nm vs. 20 nm and 100 nm) this is not 
observed. 
 
2.3.5. Deformation Zone Size Approximation 
The size of the deformation zone was approximated using Johnson’s cavity model 
[2.38, 2.39], as shown in Eq. 2.2.  Previously this approximation has been validated for 
this type of wear contact in single-crystal Ni [2.38].  Using this method it is approximated 
that the deformation zones with extend further beyond the point of contact than the 
diamond wear counterface will touch.  Due to the size of the total width of the wear box 
(40 µm) and the scanning resolution (256 lines/scan), it is approximated that each 
adjacent scan within a single pass will be ≈ 156 nm apart.  Using the Johnson cavity 
model to estimate plastic zone size, and a numerical method developed by Field and 
Swain to estimate elastic-plastic contact depth [2.60], the total plastic zone half-width 
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was predicted for various contacts at 100 µN (Tip Diameter: 1 µm) as shown in Table 
2.5. 
Table 2.5. Estimations of plastic zone half-width of Cu/NMMs during sliding wear at 
100 µN.  These estimations show that there is large overlap between plastic zone of 
adjacent wear scans.  Values were calculated with Johnson’s cavity model to approximate 




Architecture 20 nm – 1 µm 100 nm – 1 µm 2 nm – 10 µm 20 nm – 10 µm 100 nm – 10 µm 
Plastic Zone Half-
Width (nm) 256 277 252 270 289 
 
From Table 2.5 it is seen that there is variation in the plastic zone half-width (252 
nm for 2 nm – 10 µm Cu/Nb vs. 289 nm for 100 nm – 10 µm).  However, these values 
are well above the spacing between adjacent scans of 156 nm, indicating that the plastic 
zone associated with a single scan will interact with at least the two adjacent scans on 
either side (four total).  The variation in between predictions for the different layer 
thicknesses does not greatly decrease this interaction.  This shows that for all systems 
there is a large degree of overlap and uniformity in the strain fields beneath the wear 
boxes, which is further illustrated in Fig. 2.10. 
 
Fig. 2.10. Predicted development of contact width (left) and deformation zones (right) for 
applied wear loads during contact of Cu/Nb NMM with 1 µm conical diamond tip 
highlighting overlap of adjacent wear scans 
 
 71 
These approximations have been validated with respect to plastic zone depth in 
the case of single crystal Ni by FIB and TEM in the work of Cordill et al. [2.38].  
However, these approximations do not account for friction between the indentation tip 
and the sample [2.61], or the layered architecture [2.24, 2.62], and neglect the effect of 
grain boundaries [2.38].  This method only serves as a first-order approximation, but does 
show how the estimation of strain is limited in its application for these conditions. 
 
2.4. Conclusions 
In this study, modified nanoscratch testing was used to induce deformation in 
NMM architectures, which was further examined with nanoindentation.  Wear properties 
and strain hardening of the NMM systems were observed.  The strain hardening 
exponents of the multilayer architectures were observed to correlate with the individual 
layer thickness, with the thicker systems (100 nm) showing a greater value (n = 0.041) 
than the 2 and 20 nm layered systems (0.018 and 0.022, respectively).  Our observations 
are consistent with the theorized deformation mechanisms which transition from bulk 
phenomena (dislocation pile-up [2.22]) above ≈ 75 nm to single-dislocation based 
mechanisms below this threshold [2.18].  This variation in strain hardening goes to show 
that the initial wear deformation observed will do much to equalize the hardness of the 
systems that was initially controlled by the systems’ architecture (layer thickness).  
Minimal effect was seen for the two overall film thicknesses examined, indicating that 
substrate effects were not a factor for the conditions observed. 
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Of the two film thicknesses examined, the wear properties were controlled by the 
layer thickness, with thinner layered systems experiencing less volume loss due to wear 
and deformation.  This wear deformation was also observed to cause an increase in the 
texturing of the grains within the layers as shown by electron diffraction.  Texture 
evolution of NMM Cu/Nb has also been previously observed after repeated straining 
during the ARB process [2.51], which has also been used to fabricate Cu/Nb NMM 
systems.  Further understanding of the deformation mechanisms and their implications in 
the long-term performance of these nanostructured systems must be clarified before they 
can be successfully implemented in practical applications. 
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CHARACTERIZING RESIDUAL STRESS PROGRESSION 
DURING THERMAL LOADING OF NANOSCALE  
METALLIC MULTILAYER SYSTEMS 
[This chapter was prepared for submission to Materials Science & Engineering A] 
 
3.1. Introduction to Stress in Nanoscale Metallic Multilayers 
Residual stress is a significant factor in a range of different material responses, 
most notably diffusion [3.1, 3.2], deformation [3.3–3.5], and optical properties [3.6].  In 
bulk metals, residual stresses often do not develop to levels that become appreciable with 
respect to the yield stress [3.7].  However, in thin-film systems, residual stresses have 
been observed to readily exceed 1 GPa in either tension or compression [3.7].  Residual 
stress is a specific type of stress that is defined as being free of external forces [3.8]. 
Residual stress has been identified as a factor affecting the stability in nanoscale 
metallic multilayers (NMMs) [3.9–3.12].  These systems are composed of alternating 
metallic layers with nanometer-level (< 100 nm) individual layer thicknesses that have 
shown superior strength [3.13–3.15], radiation damage resistance [3.16–3.18], and wear-
resistance [3.19, 3.20] when compared to their monolithic counterparts.  Josell et al. had 
previously theorized links between microstructural stability and the capillary forces 
acting on multilayer geometries [3.10] and to an extent residual stress [3.12].  Residual 
stress has been identified as a potential mechanism for softening of these initially high-
strength systems after thermal aging for 20 nm NMM Cu/Nb heated to 400 ˚C [3.9].  As 
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such, it is necessary to further understand the development of residual stresses in NMM 
systems to foster their usage in practical applications. 
Intrinsic sources of residual stress include those due to the system’s 
microstructure, or those originating from defects during film deposition [3.7].  Extrinsic 
sources of stress can include those due to thermal expansion mismatches between the 
substrate and film constituent materials [3.7].  Upon initial heating, some of the intrinsic 
stresses can be relieved, which is often observed as a deviation in the stress response 
between the first thermal cycle and following cycles [3.21, 3.22].  The term thermal 
loading is used to illustrate the importance of applied heat cycles on the stress and 
deformation response of these NMM systems; the thermal expansion mismatch initiates 
strain due to the changes in temperature. 
After the initial relief of intrinsic stresses, the primary source of stress within 
films during thermal loading is typically assumed to arise from thermal expansion 
mismatch between the film and substrate.  Coefficients of thermal expansion (CTE, α) for 
the primary components in this study are 1.65×10-5 K-1, 7.3×10-6 K-1, and 2.6×10-6 K-1 for 
Cu, Nb, and Si respectively at room temperature [3.23, 3.24].  It should be noted that 
CTE values are temperature dependent, but for Cu, Nb, and Si, Cu has been shown to 
have the greatest value and Si to have the least at all temperatures examined (25 ˚C to 
400 ˚C) [3.23, 3.24].  After the initial heating cycle, the stresses often follow a cyclical 
hysteresis loop upon heating multiple times [3.21, 3.22].  Copper has been studied 
extensively in this manner due to its importance in the microelectronics industry [3.21, 
3.22, 3.25, 3.26].  Thermal stress response in Nb films, however, has not been examined 
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in literature.  From measuring the thermal stress response, the thermoelastic slope can be 
determined.  Keller et al. has described thermoelastic slope, m, in monolithic systems as: 
     ! = !!!!!! ∆!    (3.1) 
where it depends on elastic components, Ef, elastic modulus and Poisson’s ratio, νf, and 
thermal expansion mismatch, Δα [3.25].  Cu/Nb should has an estimated thermoelastic 
slope of -1.8 MPa/˚C based on literature values of CTE for Cu, Nb, and Si [3.23, 3.24], 
approximate elastic modulus from nanoindentation (125 GPa), and an assumed Poisson’s 
ratio (υ ≈ 0.37, [3.36]). 
Only a single study has been found that sought to examine the thermal stress 
progression for NMM systems.  Windt studied Mo/Si and W/Si multilayers with sub-10 
nm individual layers to examine the role of NMM architecture on thermal stress 
development [3.27].  In Windt’s study, it was observed that the varying architectures in 
their study resulted in either a net tensile or net compressive stress after heating 
depending on individual layer thickness, which was attributed to the role of interfacial 
stresses in the systems [3.27].  Interfacial stresses are defined as those associated with the 
layer interfaces (one layer to another) [3.28].  The role of interfacial stresses in 
monolithic films and macro-multilayers is negligible due to low interfacial density, but 
could become appreciable for nanoscale layer thicknesses.  Windt’s study did not 
examine varying magnitudes of layer thickness might alter response, but solely focused 
on characterizing the difference between monolithic films and sub-10 nm individual layer 
thickness NMMs [3.27]. 
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This study seeks to examine the evolution of residual stresses during thermal 
loading.  This understanding advances practical implementation of NMMs in real-world 
applications, such as high-strength coatings and inclusion in microelectromechanical 
systems (MEMS).  Stoney’s equation was used to determine the residual stress in these 
film systems from measuring changes in substrate curvature [3.29].  The stress 
approximations were utilized in two separate contexts; first to estimate the residual stress 
developed during deposition (how the substrate changes before and after the film is 
initially deposited) to serve as starting values for the study.  Second, the curvature was 
monitored continuously throughout a thermal cycle with the use of an in-situ curvature 
measurement system to show the progression of thermal stress during heating and 
cooling.  Following thermal loading, the samples were examined for changes in structure 
and properties. 
 
3.2. Experimental Methods 
3.2.1. Fabrication of Monolithic and NMM Films 
Cu-Nb NMM films were deposited on (100) Si substrates using a Kurt J. Lesker 
sputter deposition system using a process detailed previously at Clemson University’s 
Center for Optical Materials Science and Engineering Technologies (COMSET) [3.9].  
The deposition rates obtained were 4.0 nm/min for Cu and 2.9 nm/min for Nb.  Six types 
of samples were deposited for this study, all containing a total thickness of 1000 nm (1 
µm).  The six types were 20 nm Cu/Nb, 20 nm Nb/Cu (50 total layers), 100 nm Cu/Nb, 
100 nm Nb/Cu (10 total layers), as well as monolithic Cu and Nb films.  In all films the 
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total thickness was kept constant at 1 µm.  The two different notations for the NMM 
systems (Cu/Nb and Nb/Cu) indicate the layer order (geometry) with Cu/Nb having the 
Cu layer deposited first and Nb layer deposited subsequently, and the reverse for the 
Nb/Cu samples.  The two different geometries were used to examine the influence of the 
base layer on the stress development.  Additionally, the monolithic Cu film contained an 
Nb adhesion layer (approximate thickness: 5 nm).  A matrix of the samples produced for 
this study is included in Table 3.1. 
Table 3.1. One micrometer NMM systems produced for studying the effects of 





Cu/Nb NMM Systems Nb/Cu NMM Systems Monolithic Systems 
Layer 
Architecture 
  20 nm Cu/Nb   20 nm Nb/Cu 1 µm Cu 
100 nm Cu/Nb 100 nm Nb/Cu 1 µm Nb 
Total Thickness of All Systems Were 1 µm 
 
 
3.2.2. Characterization Methods 
Initial film residual stress due to deposition was estimated using the changes in 
substrate curvature before and after film deposition as measured by stylus profilometry 
(Veeco Dektak3).  This curvature was measured using 20 mm line scans, with seven 
radial measurements taken per sample both before and after deposition.  These 
measurements were then used along with the constraints imposed by the Si substrate 
[3.30] to calculate residual stress using Stoney’s equation [3.29]. 
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Additionally, initial hardness was calculated from nanoindentation load-
displacement measurements with a three-sided diamond Berkovich indentation probe 
(EDiamond: 1140 GPa, νDiamond: 0.07 [3.3]).  Each sample was indented a minimum of 24 
times, four indents each at six maximum depths between 100 nm and 75 nm, using the 
displacement-controlled indentation mode on a Hysitron Triboscope.  Nanoindentation 
data analysis was performed in accordance with the Oliver-Pharr method [3.31].  The 
Triboscope system was calibrated using fused quartz immediately prior to testing (ER: 
69.6 GPa, H: ≈ 9 GPa) [3.3]. 
Chemical (formation of new phases), mechanical, and microstructural 
(morphology and grain growth) changes were characterized following thermal loading 
using electron backscatter diffraction (EBSD), atomic force microscopy (AFM), 
nanoindentation, and X-ray diffraction (XRD).  EBSD was performed using an EDAX 
Inc. system, which was integrated into a LEO 1525 field-emission-gun scanning electron 
microscope (SEM).  Additional structural characterization was carried out using XRD on 
a Rigaku SmartLab four-circle diffractometer. 
 
3.2.3. Stress Approximation in Thin Films 
In this study, stress was approximated by measuring changes in substrate 
curvature and using Stoney’s equation [3.29] 

















where Ms is biaxial elastic modulus of substrate [(100) Si for the purposes of this study], 
ts is the substrate thickness, tf is film thickness, and Rfinal and Rinitial are the final and initial 
radii of curvature of the substrate respectively.  This relation uses a thin film, thick 
substrate approximation (tf << ts), practically assuming that the curvature change is 
governed solely by the mechanical properties of the substrate as can be seen in Eq. (3.2). 
 
3.2.4. In-situ Measurement of Residual Stress During Thermal Loading 
The in-situ substrate curvature measurement system used in this study is a 
custom-built instrument at the Erich Schmid Institute of Materials Science in Leoben, 
Austria.  The system is comprised of a vacuum chamber, an Edwards turbomolecular 
pump, a ceramic resistance heater, and a kSA Multi-beam Optical Sensor (MOS) in-situ 
stress monitoring system.  The kSA MOS system utilizes a series of parallel mirrors 
(etalons) to split the laser beam into 16 diffracted spots into a four × four-spot matrix 
allowing curvature measurement in both horizontal and vertical directions (Fig. 3.1).  The 
kSA MOS system was calibrated using reference mirrors [an optical flat and a concave 
mirror (radius: 10 m) from Edmund Optics]. 
 
Fig. 3.1. Schematic of the operation of the substrate curvature measurement method.  
Changes in curvature between room temperature (A) and high-temperature (B) cause 




Samples were subjected to a temperature cycle between 25 ˚C and 400 ˚C using a 
heating rate of 10 ˚C/min.  Upon reaching the maximum temperature, the samples were 
held at 400 ˚C for 40 minutes, then allowed to cool to room temperature.  The system did 
not include any means for active cooling.  The cooling rate was not controlled and 
resulted in an average cooling rate of ≈ 6.9 ˚C/min.  Each individual, single-cycle test 
took approximately three hours in total.  A maximum temperature of 400 ˚C was chosen 
for consistency with previous work studying Cu/Nb NMM systems adhered to silicon 
substrates [3.9].  Additional three-cycle tests were performed with an identical first cycle 
to the single cycle tests; the following two cycles were similar but isothermal holds were 
reduced to five minutes and the minimum temperature reached between cycles was 40 ˚C.  
It has been established that the primary stress responses that occur during a deposited 
film’s first heating cycle are irreversible, often due to the relief of defects formed during 
deposition and microstructural evolution [3.21, 3.22].  Thus, the stress behaviors in the 
film on the first cycle are not indicative of future stress evolution.  As such, it is 
necessary to study the stress progression in films through multiple cycles to examine both 
the initial changes as well as the stress behavior after those initial fluctuations have 
occurred.  Thermal cycling stress tests were conducted under vacuum (< 7.5×10-5 Torr).  




Fig. 3.2. A) Stress and B) temperature profiles during the progression of a representative 
three-cycle curvature measurement test. 
 
3.3. Results and Discussion 
3.3.1. Initial Properties of Monolithic and NMM Systems 
The NMM film systems contained varying amounts of initial residual stress, wich 
are summarized in Fig. 3.3.  Stresses were observed to range from 420 MPa in tension to 
620 MPa in compression (Fig. 3.3).  Compressive stresses were denoted by negative 
values.  Samples were also included that had been deposited 14 months prior (2/2013) 
using the same deposition parameters.  It is important to note that stresses in the samples 
deposited in 2/2013 were measured immediately following deposition.  Since room 
temperature stress relief (up to 25%) has been observed for Mo/Si NMM systems over a 





Fig. 3.3. Initial residual stress of film systems for this study including (a) monolithic 
films and (b) NMM architectures as calculated from changes in substrate curvature.  
Residual stress can depend on several factors including deposition conditions, lifetime of 
source target, and sample history.  Dates in legend indicate the date of fabrication. 
 
Other properties of the systems produced for this study are in agreement with 
values expected from the literature. The as-deposited hardness values measured for 
monolithic films (HCu: 2.4 ± 0.2 GPa, HNb: 5.4 ± 0.5 GPa) were consistent with both the 
values seen in literature for Cu (H: 2.3 ± 0.2 GPa [3.32]) and Nb (H: ≈ 4 GPa [3.33]).  
The monolithic film hardness measurements were also consistent with those measured for 
the NMM systems for this study (H: 5.2 ± 0.2 for 20 nm Cu/Nb, and H: 4.4 ± 0.2 GPa for 
100 nm Cu/Nb) and those in literature [3.9, 3.14].  It was observed that for both the 
Cu/Nb and Nb/Cu geometries, hardness of the NMM systems increase as individual layer 
thickness is reduced [3.13].  Primary orientations for both Cu (111) and Nb (110) were 
observed by XRD.  It is noted that in some instances, the diffraction peaks were 
significantly shifted from indexed positions, indicative of the stresses contained in the 
system.  The primary orientations observed are consistent with the Kurdjumov-Sachs 





3.3.2. Progression of Residual Stresses in Monolithic Films Developed During 
Thermal Loading 
 
As the films are heated, the components (Cu film, Nb film, Si substrate) expand at 
different rates due to CTE mismatch.  This varying expansion will create stress due to the 
confinement of the film by the substrate.  By again measuring how the substrate 
curvature varies (as a function of temperature) through the course of a heating cycle, 
residual stress can be approximated for the film.  The initial residual stress value 
determined from change in substrate curvature during deposition (Fig. 3.3) was used as 
the starting residual stress in the in-situ testing. 
The initial tensile stress decreases from room temperature to 100 ˚C, at which 
point the stress then increases (Fig. 3.4).  Above 200 ˚C the stress plateaus, followed by a 
secondary decrease until approximately 330 ˚C, where the stress begins to increase again.  
The increase in stress above 330 ˚C continues through the remaining heating portion, 
during the isothermal hold at 400 ˚C and throughout the entire cooling segment until 
room temperature.  The stress behavior on initial heating follows a similar stress 
progression with previously published results for monolithic Cu films [3.21].  Proposed 
mechanisms for these stress changes have been suggested to include the relief of defects 





Fig. 3.4. Development of stress in 1 µm thick monolithic films a single heating cycle.  
Multiple changes in inflection are indicative of multiple mechanisms for stress evolution.  
Arrows indicate heating (red) and cooling (blue) segments.  Initially compressive stress 
in the Nb system becomes greatly tensile after the initial cycle while Cu remains modest 
throughout. 
 
The stress progression in monolithic Cu is in contrast to the behavior observed in 
Nb during heating (Fig. 3.4).  The stress evolution observed in the Nb film is largely 
consistent with behavior noted in other BCC metals published elsewhere [3.27].  The 
large initial compressive stress in the Nb remains mostly unchanged during heating until 
above 200 ˚C, at which point it rapidly becomes tensile.  During the isothermal hold, the 
stress increases.  The stress also increases linearly during cooling.  The thermoelastic 
slope can be extracted from these tests as the slope of the linear portions of the cooling 
curves [3.25], for Nb this is true for temperatures below 350 ˚C and for Cu this is for T < 
100 ˚C.  The calculated values are in accordance with accepted CTEs with respect to the 
Si substrate [3.23, 3.24]. 
When the monolithic films were subjected to multiple cycle tests, similar stress 
results were observed for the first heating and cooling cycles (Fig. 3.5).  After the initial 
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heating above the deposition temperature, many of the sputter-induced defects are 
relieved, and all of the films progress toward tensile stresses [3.21].  The second and third 
heating cycles on Cu films show hysteresis, which is consistent with what other 
researchers have shown for multiple thermal cycles [3.21].  At lower temperatures, the 
stress response is primarily linear, but above 100 ˚C the heating and cooling portions 
deviate.  The stress on heating decreases to levels achieved on the initial heating step (< 
50 MPa). 
 
Fig. 3.5. Development of stress in one micrometer monolithic films during three heating 
cycles.  The inflection changes noted on the initial heating are absent in following heating 
cycles.  The hysteresis observed is consistent with those observed by other researchers for 
Cu films on Si [3.21].  The subsequent changes in Nb stress after the first cycle occur at 
temperatures ≈ 400 ˚C, otherwise similar to the initial cooling step (similar slope). 
 
Conversely, monolithic Nb films do not show significant hysteresis (Fig. 3.5).  
After the large shift toward tensile stress in the first cycle, further stress progression is 
largely linear.  Above 350 ˚C, there the response is nonlinear.  During the isothermal 
holds at 400 ˚C, the stress continues to increase, indicating a possible high temperature 
reaction that has not yet reached completion.  It is noted that the rate of change (slope) of 
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the stress response on subsequent heating and cooling are within experimental error as 
compared to the initial cooling from 400 ˚C (mCu: -0.84 ± 0.11 MPa/˚C, mNb: -0.62 ± 0.02 
MPa/˚C). 
 
3.3.3. Progression of Residual Stresses in NMM Systems Developed During 
Thermal Loading 
 
When NMM systems are heated, stress progressions have been observed that are 
comparable to the Nb stress response (Fig. 3.4).  For the 20 nm Cu/Nb system, the initial 
tensile stress decreases upon heating from room temperature to 360 ˚C (Fig. 3.6).  During 





Fig. 3.6. Comparison of differing samples (architectures) on stress progression with 
similar temperature profiles: A) 20 nm Cu/Nb NMM and B) 100 nm Cu/Nb NMM.  In all 
cases the initial linear portion during heating (< 100 ˚C) gives way to nonlinearity, partial 
stress relief is observed during the isothermal hold at the maximum temperature followed 
by the persistence and growth of tensile stresses on cooling.  Plastic behavior on heating 
is distinct for all samples, but linear region on cooling is consistent for specific layer 
thicknesses.  Arrows indicate heating (red) and cooling (blue) segments. 
 
A 20 nm Cu/Nb NMM sample was deposited and then stored for 14 months. It 
was then tested in an identical fashion to the other NMM films (Fig. 3.6).  The stresses 
developed were similar to the progression observed for monolithic Nb films (Fig. 3.4).  
Upon heating, the stress becomes initially more compressive followed by a large increase 
above 200 ˚C.  Around 350 ˚C, the tensile stress decreases, this decrease in stress 
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continues through the isothermal hold at 400 ˚C.  On cooling the tensile stress increases 
linearly. 
This behavior is also seen for the 100 nm Cu/Nb system (Fig. 3.6).  The most 
notable differences between the two tests (100 nm Cu/Nb NMM and 20 nm Cu/Nb NMM 
that was deposited 14 month prior) are that the onset of stress relief at high temperatures 
does not begin until 400 ˚C for the 100 nm system and the 20 nm system has a larger 
overall net change in stress (550 MPa for 20 nm vs. 450 MPa for 100 nm).  Both of these 
systems began with initially compressive stresses whereas the newly deposited 20 nm 
system had a tensile stress of 300 MPa at the beginning of the test. 
It can be seen that despite the large preliminary gap from deposition stresses 
between the older and newer 20 nm system, upon initial heating (< 150 ˚C) they both 
show a similar rate of change (m: -1.23 ± 0.09 MPa/˚C for the 20 nm sample after two 
months vs. -1.28 MPa/˚C for the 20 nm sample after 14 months).  Additionally, during 
cooling both 20 nm geometries show similar responses, the two curves are parallel for the 
entirety of the cooling segment.  Even though their initial stress states were more than 
300 MPa apart, their final stresses after heating to 400 ˚C and cooling to room 
temperature are within 100 MPa.  This is not observed for the 100 nm system; although 
the 100 nm system displays a similar hysteresis to the older 20 nm sample, the slopes on 
initial heating and cooling are dissimilar.  This highlights the importance of the NMM 
architecture over the initial stress conditions imposed by deposition. 
Comparing the stresses developed in the NMM geometries (Fig. 3.6) with those 
observed in monolithic Nb (Fig. 3.4), one key difference is noted.  A new peak is 
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observed at approximately 350 ˚C to 400 ˚C in NMM systems (Fig. 3.6).  It is 
hypothesized that the overall maximum stress achievable in the NMM systems at high 
temperatures is limited by the high-temperature yield strength of the Cu layers.  Other 
researchers have measured the hot hardness of Cu to be below 1 GPa at 400 ˚C [3.35].  
The decreased yield strength of Cu layers combined with the high stress of the Nb layers 
would indicate that yielding may occur due to the stresses measured in NMMs at high 
temperature. 
The CTE mismatch that is often considered of importance is between that of the 
substrate and the film in contact with the substrate.  NMM geometries with opposing 
geometries (both Cu and Nb as base layers) were utilized in order to examine the 
importance of layer order on stress development.  Aside from the layer order, the sample 
architectures were equivalent. 
The NMM systems with Cu as the base layer were presented in Fig. 3.6 and are 
included here for comparison.  For both layer thicknesses examined (20 nm [Fig. 3.7(a)] 
and 100 nm [Fig. 3.7(b)]) the Nb/Cu stress evolution is similar to what was observed for 
the Cu/Nb systems.  Two key deviations were observed: the onset of the peak on heating 
occurs at lower temperatures, and there is a larger variation in stress.  For the Cu/Nb 
systems the stress reaches a peak at approximately 400 ˚C.  However for the Nb/Cu 
systems, this peak is observed between 300 ˚C and 350 ˚C [Fig. 3.7 (a) & (b)].  Most 





Table 3.2. Calculated thermoelastic slope values for NMM systems taken from linear 





Cu/Nb NMM Systems Nb/Cu NMM Systems 
  20 nm -1.23 ± 0.09 MPa/˚C -1.11 ± 0.09 MPa/˚C 
100 nm -0.89 ± 0.03 MPa/˚C -0.82 ± 0.07 MPa/˚C 
 
 
Fig. 3.7. Comparisons of (a) 20 nm and (b) 100 nm Nb/Cu (Nb film as a base layer) with 
similar Cu/Nb systems showing the effect of layer order on development of stress during 
heating to 400 ˚C.  A larger stress is developed for the system with Nb as a base layer 
with more pronounced features, however the slopes of the linear regions during cooling 
are consistent for specific layer thicknesses. 
 
A t-test comparing the slope values for the 20 and 100 nm including both Cu/Nb 
and Nb/Cu geometries indicates that there is a significant difference with respect to layer 
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thickness (p-value: > 0.001).  By compiling the thermoelastic slope values (Table 3.2) for 
all of the linear portions of the cooling curves for the tests performed into a graph (shown 
in Fig. 3.8), it is seen that as layer thickness is reduced, the thermoelastic slope becomes 
more negative.  This means that in NMM systems thinner layers will develop greater 
tensile stresses during cooling in the thickness range that has been examined. This 
relationship also includes the results from stress measurements of 2 nm Cu/Nb with a 
total thickness of 10 µm.  Poor adhesion resulted in these tests failing and delamination 
before completion of the thermal cycle.  However, the thermoelastic slope could still be 
determined from the limited test of the 2 nm Cu/Nb NMM system. 
 
Fig. 3.8. Thermoelastic slope of varying NMM architectures.  Systems with thinner 
layers have more negative values indicating that more thermal stresses are developed.  
This is suggested to be due to increased impact of interfacial stresses, which are omitted 
in established models. 
 
Traditional descriptions of estimations of the thermoelastic slope do not include 
terms that would account for changes in layer thickness [3.25].  It might be suggested that 
the layer thickness dependent behavior becomes appreciable when the interfacial density 
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becomes significant enough (h < ≈ 100 nm) to allow for interfacial stress dependent 
phenomenon to occur.  As the layer thickness is further reduced the thermoelastic slope 
becomes more negative until a minimum is reached, where the layered structure becomes 
so thin that layer continuity is an issue.  An initial linear regression shows that the 
thermoelastic slope, m, follows: 
   ! = 4.3×10! ∗ ℎ − 1.29   (3.3) 
where, h is the individual layer thickness following linear fitting.  The determined values 
of thermoelastic slope (-0.87 MPa/˚C to -1.39 MPa/˚C) are near the predicted value for 
Cu/Nb of -1.8 MPa/˚C.  A linear fit was chosen due to the limited data available, which 
explained 82% of the variance.  If the previously established approximation of 
thermoelastic slope (Eq. 3.1) is combined with the relationship determined from the stress 
response of Cu/Nb NMM systems (Eq. 3.3) it is seen that thermoelastic slope of NMM 
systems (h < ≈ 100 nm) follows: 
   ! = ! ∗ ℎ + !!!! ∆!   (3.4) 
where k is a system dependent constant (kCu/Nb: 4.3×106 MPa/m˚C), h is the individual 
layer thickness (in meters), !! is the film elastic modulus, !! is the Poisson’s ratio of the 
film, and ∆! is the CTE mismatch in between the film and substrate.  However, it is 
suggested that this approach be applied to additional layer thickness NMM systems to 
better understand the relationship between layer thickness and thermoelastic slope.  This 
dependence was not identified by Windt [3.27], probably due to the narrow range of layer 
thicknesses examined in the previous study.  Presently, almost two orders of magnitude 
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in layer thickness were examined in comparison to Windt’s examination of 1 to 5 nm 
individual layered systems [3.27]. 
 
3.3.4. Influence of Multiple Cycles on Thermal Stresses in NMM Systems 
Three cycle thermal loading tests were used to examine the stress response of 
NMMs after initial deposition defects occurred.  It was observed that for all samples, the 
initial heating segment closely matched the single cycle tests presented in the previous 
section (3.3.3).  On subsequent cycles, the 20 nm Cu/Nb NMM system follows a cyclical 
progression, similar to what was measured for the initial cooling segment (Fig. 3.9).  
Above 200 ˚C, the stress progression is linear.  However, at lower temperatures non-
linearity is observed, as determined by deviations from a linear fit. 
 
Fig. 3.9. Development of stress in 20 and 100 nm Cu/Nb NMM films upon three heating 
cycles to 400 ˚C at 10 ˚C/min.  The inflection changes noted on the initial heating are 
absent in following heating cycles.  The hysteresis observed is largely consistent with 
those noted in the monolithic systems.  At lower temperatures (<200 ˚C) non-linear 




Linearity on subsequent cycles is also noted for the 100 nm Cu/Nb system (Fig. 
3.9) and the other geometries examined (20 nm Nb/Cu and 100 nm Nb/Cu).  When 
compared with the results from monolithic systems (Section 3.3.2.), it is observed that, 
much like the initial cycle, the hysteresis is comparable with monolithic Nb films.  The 
deviations between stress on heating and cooling for Cu films above 100 ˚C (Fig. 3.5) are 
absent in NMM systems.  However, the continued development of larger tensile stresses 
in Nb films (Fig. 3.5) during the second and third isothermal hold at 400 ˚C are also 
notably absent from the NMM systems. 
These results point to an important aspect, stress related system evolution is going 
to likely occur during the first thermal cycle.  On subsequent cycles, the stress is traveling 
close to the path the sample followed on the initial cooling segment.  If the stresses 
observed during the first cycle are insufficient to initiate degradation it is not likely that it 
will occur on following cycles. 
 
3.3.5. Comparison of Curvature Stress with XRD Stress Measurement 
To further examine the development of residual stress in NMM systems a 
complimentary XRD measurement technique was used to further validate the curvature 
measurements.  Component dependent stress in NMM Cu/Nb has been measured through 
the use of in-situ heated XRD.  A PANalytical X’Pert Pro MRD 4-circle XRD equipped 
with an Anton-Paar DHS-900 digital hot stage was used for these measurements.  Stress 
was calculated from deviations of primary peak position measurements [Cu (111) and Nb 
(110)] from their equilibrium positions.  These peak spacings were measured using a 
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short two-θ scan while at high χ rotation (85˚) to measure the in-plane direction with 
respect to the film.  Measurements were taken from room temperature to 400 ˚C in 50 ˚C 
increments during isothermal holds. 
The local lattice strain obtained from changes in primary peak spacing is material 
dependent, meaning that the strain values obtained are an average for all of the Cu layers 
and all of the Nb layers independently.  Lattice stress was calculated using the 
temperature dependent elastic constants to accommodate for the compliance of that 
particular crystalline direction [Cu (111) and Nb (110)].  This heating was done under 
vacuum through the use of a mechanical roughing pump, however, there were no means 
to measure the pressure obtained. 
It is observed that a 20 nm Cu/Nb NMM system exhibits very distinct stress 
behavior for the Cu and Nb components (Fig. 3.10).  Upon heating, the stresses measured 
in the Nb layers remain constant until above 175 ˚C, after which point they greatly 
increase.  The stresses in the Nb layers then persist throughout the duration of the test.  
Contrastingly, the stresses measured in the Cu layers do not show this drastic change; on 
heating there are initial drops in stresses up until 175 ˚C at which point the stresses 





Fig. 3.10. Development of stresses in 20 nm Cu/Nb NMM system as measured by in-
plane XRD showing similar progression to what was observed for monolithic films by 
changes in curvature.  In this case stress is approximated using changes in peak position 
of primary Cu and Nb orientations as a measure of lattice strain.  Red markers indicate 
heating, blue markers indicate cooling, markers indicate where measurements were taken 
and the connecting lines are to guide the eye. 
 
The stress behavior in the NMM system appears to show the same trends as that 
which was measured in the monolithic films by substrate curvature (Fig. 3.4).  This is an 
important distinction: the stress measured in the individual layers of a composite system 
is consistent with the stress behavior of a similar single component under similar 
conditions.  Notably absent from the XRD measurements (Fig. 3.10) is the peak observed 
for the NMM systems (350˚C to 400 ˚C, Fig. 3.7). 
Comparing the stress measurements from substrate curvature measurements and 
from XRD give two different responses: the composite stress and a more local 
approximation of stress.  Bearing in mind the implications of residual stress, both values 
can be important design considerations depending on the application.  If the NMM 
system is treated as a single component (overall coating behavior) the curvature 
measurement of greater interest.  However, in understanding the behavior in a single 
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layer (dislocation motion), then measuring the stress on a local level with XRD would be 
more pertinent. 
3.3.6. Post-Heating Confirmation of Structure and Properties 
Substantial grain growth was observed for Cu due to heating, as determined by 
AFM.  The initial Cu grain size was 83 nm, which grew to 140 nm after heating.  These 
measurements were also corroborated with EBSD measurements (grain size: 160 ± 30 
nm).  However, grain growth was not observed for the monolithic Nb film.  Before and 
after heating, the grain sizes were both approximately 60 nm.  This is to be expected 
considering the melting temperatures of Cu and Nb, 1085 and 2469 ˚C respectively.  The 
temperature associated with grain growth in bulk metals is often assumed to be 
approximately half of the melting temperature (540 ˚C and 1230 ˚C for Cu and Nb 
respectively). 
Appreciable grain growth for the NMM systems examined was observed.  Initial 
grain sizes in both 20 and 100 nm architectures were approximately 42 nm.  After heating 
the grains grew, but still remained sub-150 nm (100 ± 6 nm and 127 ± 9 nm for 20 nm 
and 100 nm Nb/Cu architectures respectively).  Previous reports indicate that the NMM 
structure allows for minimal grain growth during heating resulting in grains remaining 
largely nanocrystalline [3.9].  These measurements were taken from AFM scans of the 
uppermost layer of the NMM systems, which in the case of Nb/Cu is Cu. 
XRD of the Nb/Cu NMM systems shows minimal changes to the structures (Fig. 
3.11).  The primary peaks observed following deposition persist with similar relative 
intensities to the previous measurements.  Negligible changes in XRD peaks should be 
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expected as Cu and Nb are completely insoluble in one another [3.37]; no intermetallic 
compounds should be formed.  The XRD results serve to indicate that there was minimal 
impact of the thermal cycling seen herein on the observable structure of the NMM 
systems.  For the conditions examined in this study, softening was not observed as the 
authors have previously seen [3.9].  However, an increase in hardness for all systems was 
observed (e.g. Hini: 4.7 ± 0.2 GPa and Hfinal: 5.8 ± 0.2 GPa for 20 nm Nb/Cu), which is 
consistent with other researchers’ observations [3.38–3.41]. 
 
Fig. 3.11. XRD patterns of film systems for this study before and after heating to 400 ˚C 
including monolithic films and NMM architectures.  Diffraction peaks indicate primary 
orientations of Cu and Nb components.  The Nb peak shifts significantly indicative of 
large tensile stresses in the film.  Minimal differences are observed between initial and 





To clarify the development of residual stresses in NMM Cu/Nb during thermal 
loading, changes in substrate curvature were measured using an in-situ measurement 
system.  Through the examination of residual stresses developed during thermal loading 
of Cu/Nb NMM systems, it has been determined that the Nb component largely controls 
the stress of the system.  Using complimentary stress measurement techniques (XRD and 
substrate curvature) the differences between local and composite stress have been 
identified.  The stresses developed in Cu and Nb layers as measured by XRD follow 
similar trends to those in monolithic systems.  This is contrasted to the hysteresis 
observed as measured by substrate curvature, which can be considered a composite stress 
for the multicomponent system.  By identifying deviations between the composite stress 
(substrate curvature) and local stresses (XRD), it is hypothesized that the decreasing yield 
strength at elevated temperatures of Cu and high stress of Nb layers may have acted 
together to limit the stress development above 300 ˚C. 
The layer thickness affects the stress progression during thermal loading.  It was 
observed that there is a distinct change in the thermoelastic slope of the stress developed 
on cooling for the different layer thicknesses, highlighting the importance of interfacial 
stresses in these nanostructured materials.  Stress in these NMM systems should not be 
treated as a rule of mixtures considering only the volume fraction of the constituents.  
The interfacial density is also an important consideration.  Initial stress will dictate the 
stress progression during the preliminary heating, but after that point the stress response 
on cooling and subsequent cycles is equivalent. 
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In this study, softening of the NMM structures was not observed as has been 
previously identified for Cu/Nb NMM systems still bound to their substrate [3.9].  
However, the uniformity of hardness after thermal loading is consistent with other 
researcher’s observations on other NMM systems [3.38, 3.40, 3.41].  It is still supposed 
that there is a link between the residual stress of these systems and their thermal stability 
[3.10]. 
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INDUCED TRANSFORMATION OF THIN-FILM NIOBIUM 




4.1. Introduction to Single Component Phase Transformations 
Allotropy is a term that describes an element or compound has multiple stable 
crystal structures [4.1].  It is a reversible change and is often displacive (accompanies a 
volume change).  The driving forces of these phase transformations are most often 
temperature and pressure, which create a favorable energy condition for the 
transformation to occur [4.2].  Examples of allotropy include the transformation of pure 
iron from body-centered cubic (BCC) at room temperature to face-centered cubic (FCC) 
at 900 ˚C [4.1].  In addition to iron, another example of an allotropic metal is plutonium 
[4.1].  Pure plutonium, is known to exhibit six different solid phases between room 
temperature (25 ˚C) and its melting point (640 ˚C) at one atmosphere of pressure [4.3]. 
Imposed stresses have also been shown to influence structural transformations of 
materials, specifically it has been noted that due to the pressure during nanoindentation 
has resulted in amorphous and metastable phase transformations beneath the indenter in 
single crystal Si [4.4].  Additionally, the formation of a previously unreported amorphous 
Ti layer was identified beneath a dynamically recrystallized layer at the point of contact 
in sliding wear by Schultz et al. [4.5].  Additionally, impurities have shown to enable 
phase transformations under otherwise unsuitable conditions [4.6, 4.7]. 
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Under normal conditions, bulk niobium is not known to exhibit allotropy, existing 
only as a BCC metal [4.8, 4.9], however multiple researchers have identified possible 
conditions that result in an FCC allotrope in both bulk and thin-film Nb systems [4.10–
4.13].  Previous studies have indicated that during film deposition of monolithic Nb 
[4.11] and Nb containing nanoscale metallic multilayer (NMM) systems [4.10], FCC Nb 
structures have been observed by X-ray diffraction (XRD) and transmission electron 
microscopy (TEM).  While the formation of FCC Nb is not thermodynamically favorable 
[4.8, 4.9], Zhang et al. suggested that this barrier could be overcome by the formation of 
many defects including vacancies, dislocations, and free volume within the lattice [4.10].  
As-deposited sputtered thin films often contain a high density of vacancies and 
dislocations [4.14].  Bulk FCC Nb has been obtained using severe plastic deformation 
methods including mechanical alloying (ball milling of metallic powders) [4.12, 4.13].  
However, these methods resulted in the Nb containing significant Fe impurities from the 
milling media [4.12, 4.13], which could have contributed to the transformation.  An Nb 
FCC structure was initially proposed and simulated by Häglund et al. [4.15] in their study 
of carbide and nitride formation in transition metals. 
It is important to distinguish that these previous researchers [4.10–4.13] have 
identified the existence of FCC Nb, they however have not detailed the transformation 
from BCC to FCC.  If this transformation is induced by a significant tensile strain at high 
temperatures, it is imperative to study the stress response of pure monolith Nb films 
during thermal loading.  High-temperature, high-tensile stress conditions could create a 
 111 
favorable environment for the formation of thin-film FCC Nb, whose transformation has 
not been previously observed. 
Building on previous observations of FCC Nb, the examination of thermal stress 
in monolithic Nb systems suggested the possibility of the BCC/FCC Nb transformation.  
This finding was further examined by heating monolithic Nb to higher temperatures to 
examine the subsequent response.  Following thermal loading, the resulting structural 
(crystal lattice) and mechanical (elastic modulus) changes in monolithic Nb were further 
characterized through the use of XRD, nanoindentation, and atomic force microscopy 
(AFM). 
 
4.2. Experimental Methods 
Monolithic Nb films (thickness: 1 µm) were fabricated using a Kurt J. Lesker 
magnetron sputter deposition onto (100) Silicon wafers (350-400 µm thickness, n-type, < 
2 Å roughness, Wafer World Inc.).  Nb deposition was carried out in 9.5 mTorr of Ar and 
using 200 W radio frequency (RF) power that resulted in a deposition rate of 2.9 nm/min.  
Initial residual stress within the monolithic film was estimated using Stoney’s equation 
[4.16].  Measurements of substrate curvature before and after deposition were taken with 
a diamond stylus profilometer (Veeco Dektak3). 
Stress evolution during thermal loading was also calculated using Stoney’s 
equation [4.16] with curvature measurements from a custom built in-situ heated substrate 
curvature measurement instrument (kSA MOS, Erich Schmid Institute of Materials 
Science, Leoben, Austria), further described in Chapter Three.  Stoney’s approximation 
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of stress assumes that the stress is localized within the film, the film’s elastic contribution 
to the system is negligible, and the film thickness is much less than the substrate 
thickness [4.16].  Compressive residual stresses are denoted by negative values. 
In this study 1 µm monolithic films were heated to either 400 ˚C or 500 ˚C at 10 
˚C/min under vacuum (< 7.5×10-5 Torr), with a 40 minute isothermal hold at the 
maximum temperature.  In addition to a maximum temperature of 400 ˚C (Chapter 
Three), 500 ˚C was also tested to examine higher-temperature behavior of the Nb film, 
which is a refractory metal. 
Following the examination of the stress due to thermal loading, the Nb films were 
examined to further examine the microstructure and mechanical response using XRD, 
nanoindentation, and AFM.  Structural characterization (crystal structure and orientation) 
of the monolithic Nb was performed using a Rigaku SmartLab four-circle XRD with Cu 
Kα X-rays.  A scanning range of 2θ from 30˚ to 60˚ allowed us to track structural 
information of the Nb structures while avoiding overshadowing by the substrate peak 
from Si (400) that we have previously observed between 65˚ and 72˚. 
To examine the effect of these thermal treatments on the mechanical response of 
the Nb films, displacement-controlled nanoindentations were performed using a Hysitron 
Triboscope system with a diamond Berkovich indenter.  A minimum of 24 indentations 
were performed on each sample to a range of maximum depths between 75 and 100 nm.  
Oliver-Pharr analysis was utilized to extract both elastic modulus and hardness from the 
resulting load and displacement data [4.17].  Changes in grain size were characterized 
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using a tapping mode Veeco Dimension AFM and calculated using the line-intercept 
method. 
 
4.3. Results and Discussion 
Initial microstructural characterization (Fig. 4.1) of the as-deposited monolithic 
Nb films showed a primary orientation (110) and nanocrystalline grain structure as 
determined by the single broad diffraction peak observed at 37.70˚.  The as-deposited 
mechanical response (H: 5.4 ± 0.5 GPa and E: 114.9 ± 4.3 GPa) is similar to what should 
be expected and has been identified in literature (H ≈ 4 GPa [4.18] and E ≈ 105 GPa 
[4.8]).  As-deposited residual stresses within the Nb were estimated to be ≈ -620 MPa, 
which is consistent with the tendency of sputtered Nb to develop compressive stress 
[4.19]. 
 
Fig. 4.1. XRD pattern of as-deposited monolithic Nb film, showing single broad peak at 
37.70˚ indicating primary orientation of BCC (110) and nanocrystalline grain structure 
(peak breadth), similar to observations of Nb component in NMM systems. 
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During a thermal loading cycle from 25 ˚C to 400 ˚C, holding at 400 ˚C for 40 
minutes, then cooling to 25 ˚C, the stress response is as shown in Fig. 4.2. Upon heating 
the as-deposited Nb to 400 ˚C, multiple changes in inflection of the estimated stress are 
seen (Fig. 4.2).  Above 200 ˚C, the initially compressive stress quickly decreases until the 
isothermal hold at 400 ˚C.  During the isothermal hold a tensile stress develops to ≈ 240 
MPa after 40 minutes.  On cooling, the tensile stress grows linearly until the sample 
cooled to room temperature (25 ˚C) reaching ≈ 500 MPa.  This initial stress progression 
is consistent with those identified for other BCC metals, such as for Mo [4.20], however 
the mechanisms controlling the shape of the hysteresis were not discussed by Windt. 
 
Fig. 4.2. Development of stress in one micrometer monolithic Nb film upon heating to 
400˚C at 10 ˚C/min, then held at 400 ˚C for 40 minutes, followed by cooling to room 
temperature.  Initially compressive (≈ -620 MPa) stress becomes tensile (≈ 500 MPa) 
after the initial cycle.  Arrows indicate heating (red) and cooling (blue) segments. 
 
After heating the Nb to 400 ˚C, the primary peak observed from XRD can be seen 
to shift from 37.70˚ to a lower 2θ position of 37.37˚ (Fig. 4.3).  This diffraction peak shift 
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is consistent with the reversal of stress with a net change in excess of 1 GPa (estimated 
stress from 0.34˚ peak shift: ≈ 770 MPa).  Otherwise, no changes in the diffraction 
patterns were observed after this initial heating for the 2θ range examined. 
 
Fig. 4.3. XRD pattern of monolithic Nb film after heating to 400 ˚C as compared with as-
deposited state.  Peak has shifted to a lower two theta position (37.37˚), indicative of the 
large net tensile change in stress. 
 
When similar heating of thin-film Nb is carried out to 500 ˚C (Fig. 4.4), the initial 
stress response to 400 ˚C matches the first test (seen in Fig. 4.2).  At 475 ˚C, a sharp peak 
in stress is observed (≈ 280 MPa, Fig. 4.4).  The stress then decreases as the temperature 
rises from 485 ˚C to 500 ˚C and continues to decrease during the isothermal hold until it 
reaches ≈ -145 MPa. 
During cooling, the stress increases linearly with respect to temperature and ends 
with a tensile stress (≈ 80 MPa).  It is noted that the thermoelastic slope of the cooling 
from 500 ˚C (-0.59 MPa/K) is less than that observed for 400 ˚C (-0.67 MPa/K), 
indicating a possible change in coefficient of thermal expansion (CTE).  In monolithic 
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films, the thermoelastic slope, m, is known to depend on the CTE mismatch and the 
elastic properties of the film: 
     ! = !!!!!! ∆!    (4.1) 
where, Ef, is the film elastic modulus and film Poisson’s ratio, νf, and thermal expansion 
mismatch between the film and substrate, Δα [4.21].  CTE is known to depend on the 
crystal structure of a material [4.1].  However, repeated testing should be conducted to 
further determine if the identified change in thermoelastic slope is statistically significant. 
 
Fig. 4.4. Development of stress in one micrometer monolithic Nb film upon heating to 
500˚C at 10 ˚C/min, then held at 500 ˚C for 40 minutes, followed by cooling to room 
temperature.  Initially compressive stress becomes tensile after the initial cycle, with 
multiple changes in inflection indicating multiple mechanisms.  The stress response 
shows a distinct peak in stress at 475 ˚C.  Arrows indicate heating (red) and cooling 
(blue) segments. 
 
After heating the Nb film to 500 ˚C, two additional features are observed in the 
XRD pattern when compared to the as-deposited condition (Fig. 4.5).  First, a new peak 
was observed at approximately 44.5˚, indicating a crystalline change.  Also, the initial 
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peak observed at 37.7˚ has split into two broad overlapping peaks (36.77˚ and 38.86˚).  
These two observations coincide with the simulated diffraction pattern shown by 
Häglund et al. [4.15].  As the primary BCC Nb (110) peak remains, it is suggested that 
the transformation to FCC is incomplete (Fig. 4.5). 
 
Fig. 4.5. XRD pattern of monolithic Nb film after heating to 500 ˚C as compared with as-
deposited state.  Initial peak (37.70˚) has split into two broad peaks at 36.77˚ and 38.86˚ 
indicating a partial transformation to FCC arrangement.  Appearance of new peak at 
44.5˚, could be the FCC (200) peak noted in the simulated FCC structure [4.15]. 
 
To further confirm the structural change identified with XRD, the elastic response 
was investigated using nanoindentation.  Changes in the elastic behavior of a material are 
not strongly affected by microstructural changes (grain size), but are affected by crystal 
structure.  The elastic modulus for bulk BCC Nb is known to be ≈ 105 GPa [4.8], the 
theoretical modulus for FCC Nb is ≈ 200 GPa as calculated by Häglund et al. [4.15].  In 
addition to the structural changes observed with XRD, an increase in the elastic modulus 
was observed from nanoindentation (Fig. 4.6).  The initial modulus was measured to be 
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115 ± 4 GPa, consistent with what should be expected for pure Nb [4.18].  However, after 
heating the modulus increased to 153 ± 4 GPa, as predicted for a partial transformation to 
the simulated BCC Nb structure [4.10, 4.15].   
 
Fig. 4.6. Changes in elastic modulus after heating as measured by nanoindentation.  
Initial as-deposited values are comparable with expected bulk values (Eini: 115 ± 4 GPa 
vs. EFCC: ≈ 105 GPa) [4.18], after heating this value grows to a point which is comparable 
to what might be expected from a partial transformation to the FCC Nb structure (Efinal: 
153 ± 4 GPa vs. EBCC: ≈ 200 GPa [4.10, 4.15]). 
 
The increase in elastic modulus (Fig. 4.6) should lead to a more negative 
thermoelastic slope (Eq. 4.1), however the magnitude of the slope decreased.  The 
decrease in magnitude of thermoelastic slope, despite increasing elastic modulus, is 
further proof that the CTE may have changed and additional confirmation of the 
structural change of the Nb.  However, as previously stated, additional testing is needed 
to confirm findings of thermoelastic slope in a statistically significant manner. 
The mechanisms attributed to the transformation are largely unclear.  The 
appreciable stress at high temperatures could lead to an increased lattice spacing that is 
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necessary for the transformation.  Initial simulations indicate that the FCC Nb structure 
has a lattice parameter of 4.23 Å [4.15], whereas the expected equilibrium BCC structure 
is 3.31 Å [4.22]. 
Despite this possible change in crystal structure from FCC Nb to BCC Nb, limited 
overall grain growth in Nb films is observed even after heating to 500 ˚C for 40 minutes 
(Fig. 4.7).  Initial grain sizes of 60 nm remain within experimental uncertainty after 
heating.  Nb is a refractory metal, therefore this lack of grain growth is expected.  The 
maximum temperature reached during heating is still well below what is often considered 
necessary for grain growth (approximately half of the melting temperature, or ≈ 1230 ˚C). 
     
Fig. 4.7. AFM images of monolithic Nb before (left) and after (right) heating to 500 ˚C.  
Negligible grain growth is observed after heating to 500 ˚C for 40 minutes (grain size: 60 
nm both before and after). 
 
Further confirmation of the transformation of Nb from BCC to FCC following 
heating to 500 ˚C is currently being pursued through the use of electron diffraction within 
TEM.  This will allow for the precise determination of the local structure and further 
identification of the extent of transformation.  As the XRD peaks shown in Fig. 4.5 
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indicate, the initial BCC structure is partially retained.  Further treatments are sought to 
examine if higher temperatures will complete the identified transformation. 
 
4.4. Initial Conclusions 
Through the examination of monolithic Nb films after heating to 500 ˚C in 
vacuum, a potential transformation from BCC to FCC structure was identified.  
Conventional knowledge suggests that Nb metal only exists in BCC arrangement.  
However, this structure has been observed to result from specific deposition conditions or 
due to SPD methods with considerable Fe impurities.  Further, a transformation of pure 
Nb from BCC to FCC has not been previously reported. 
The thermal stresses developed during heating of monolithic Nb films to 500 ˚C 
show a sharp change in conformation at 475 ˚C revealing possible structural changes.  
Further examination of the Nb systems after heating to 500 ˚C to revealed microstructural 
evolution that indicates the FCC structure previously theorized in literature [4.15], as 
observed by XRD.  Additionally, an increase in the elastic modulus from 115 ± 4 GPa to 
153 ± 4 GPa which is consistent with the change in crystal structure (FCC Nb: E ≈ 200 
GPa) [4.10, 4.15].  These changes took place in the Nb films with negligible grain 
growth, maintaining their initial nanocrystalline state. 
XRD results indicate that the conversion to FCC structure after heating to 500 ˚C 
is incomplete.  To further examine this transformation it is suggested to examine 
additional maximum temperatures, to identify if the change can be driven further to 
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completion.  Additionally, efforts are currently underway to examine the Nb structures 
under HRTEM to discretely identify the structures on a more comprehensive basis. 
FCC Nb has been identified previously in literature, but it has been due initial 
film deposition of both monolithic Nb [4.11] and in Nb-containing NMMs [4.10].  Also, 
the transformation of Nb from BCC to FCC has been observed during mechanical 
alloying with considerable impurities [4.12, 4.13].  Thus, the transformation of pure Nb 
from BCC to FCC has not been identified in the literature to this point.  The 
transformation from BCC Nb to FCC involves a considerable expansion in the crystal 
lattice, which is consistent with the XRD results and the large changes in stress that were 
observed for the curvature measurements.  It is suggested that further work to examine 
the underlying mechanisms for this transformation be driven towards modeling 
approaches to examine the atomic structure at appreciable strain and temperature. 
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SUMMARY AND FUTURE WORK 
 
 
5.1. Implications of Findings on Multi-Scale Multi-Dimensional Systems 
The findings of this work show that the architecture of nanoscale metallic 
multilayer (NMM) systems play a role not only in static mechanical response [5.1], but 
also in the strain hardening, wear response, and thermal stress development.  These 
findings reinforce many recent advances, which point to the promise that nanoscale 
systems present [5.2].  The properties imparted with sub-100 nm dimensions are often 
due to interfaces, which while minimal at macro-length scales become significant when 
the interfacial area reaches a critical density [5.3].  In the case of NMM systems, the 
characteristic length (the dimension that largely dictates the system’s response) is the 
individual layer thickness.  In this manner, NMM systems can largely be considered one-
dimensional systems, as the characteristic length domain is in a single dimension.  
However, these findings may also be applied to composite materials across multiple 
length scales and dimensionalities by considering similarities in shared mechanisms. 
When using NMM systems, engineering must understand the potential tradeoffs.  
Specifically, when layer thickness is reduced many properties (e.g. strength, wear 
resistance) increase, while others (e.g. thermal stress development, sensitivity to 
microstructural instability) become more negatively apparent.  Thus, there is not a single 
NMM architecture for all uses, but proper selection depends on the demands of the 
intended application.  In the context of shock loading applications, initial one-time 
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properties are paramount [5.4, 5.5].  As such, other researchers have hypothesized that 
the smallest length scales may be the most appropriate for those conditions [5.4, 5.5].  On 
the other hand, non-structural components subjected to a harsh environment may require 
superior structural stability with a decreased importance of mechanical response.  In this 
context, nanoscale components could be seen as a detriment and larger scale 
characteristic lengths may be most beneficial [5.6–5.8].  While yet another set of 
circumstances may require aspects of both high strength as well as long-term stability 
(e.g. structural components for radiological environments).  For that application, an 
architecture regime will be needed that incorporates some of the features of both length 
scales [5.9–5.11].  The solutions to each of these engineering challenges may be 
accomplished by NMMs, however one NMM system is not ideal for all applications. 
Design considerations discussed in this dissertation may also relate to functional 
three-dimensional structures, such as modern nanostructured alloys.  This classification 
includes bulk alloys, such as those fabricated with severe plastic deformation (SPD) 
processing [e.g. accumulative roll-bonding (ARB) [5.12, 5.13], high-pressure torsion 
(HPT) [5.14], and equal-channel angular pressing (ECAP) [5.15]].  Systems processed 
with SPD methods also rely on their nanoscale components for their novel properties, 
such as nanocrystalline grain sizes.  However, similar microstructural limitations must 
also be observed when designing systems to be stable over long periods in harsh 
environments.  If the nanoscale structural features are subject to sufficient destabilizing 
forces, for example thermal stresses and capillary forces, they may be subject to 
degradation [5.6–5.8, 5.16].  Some of these nanostructures have been shown to be 
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stabilized by the incorporation of nanoscale refractory ceramic particles in oxide 
dispersion strengthened (ODS) alloys throughout their microstructure to encourage high 
creep resistance [5.17].  Additionally, these nanostructures will not only impact their 
initial properties and their stability, but also may have impacts on their strain hardening 
and wear response [5.18, 5.19]. 
 
5.2. Summary of Research Results 
As NMM systems may experience high-temperature conditions in some of their 
applications (e.g. frictional and/or resistive heating), their high-temperature properties are 
of importance.  Furthermore, these systems are being characterized to capitalize on their 
relative superior mechanical performance; as a result greater understanding of their 
deformation mechanisms are imperative.  Greater understanding of these impact will not 
only assist the development of NMM systems, but also functional three-dimensional 
nanostructured systems which have recently become popular (e.g. ODS alloys). 
Through the deposition, and subsequent mechanical and thermal loading of 
Cu/Nb NMM systems, it has been observed that they possess high strengths that are 
stable after deformation, and after heating to 400 ˚C.  Other researchers have shown the 
potential of NMM systems as wear-resistant coatings [5.20, 5.21].  This work identified 
that NMM architecture (layer thickness) plays a major role in the wear and strain 
hardening responses.  Previous work has identified the potential for residual stress to 
impact the stability of NMM structures [5.6–5.9].  This dissertation has identified that the 
thermal stresses developed in NMM architectures are dependent on their layer thickness.  
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Through the examination of thermal stress development in these Cu and Nb-containing 
film systems, the possible transformation of pure Nb from the expected body-centered 
cubic (BCC) structure to a face-centered cubic (FCC) arrangement was identified.  
Moreover, complementary methods of stress measurement [substrate curvature and X-ray 
diffraction (XRD)] give insight on the variation between local and composite stress in 
these multicomponent systems. 
 
5.2.1. The Response of Nanoscale Metallic Multilayer Systems to Nano-Wear 
Conditions (Chapter Two) 
 
Through nano-wear testing, the wear properties and strain hardening response of 
NMMs were examined.  Nanoscale wear testing was utilized to induce deformation in 
various Cu/Nb NMM systems.  This wear deformation was further studied with 
nanoindentation to ascertain the mechanical impact of wear on the resulting structures.  It 
was observed that the strain hardening sensitivity of thinner-layered systems (2 nm: n = 
0.018, 20 nm: n = 0.022) was significantly reduced in comparison to the thicker 100 nm 
system (n = 0.041).  These findings are consistent with the reported transition from bulk 
deformation mechanisms (dislocation pile-up [5.22]) to single-dislocation based 
phenomena for architectures below ≈ 75 nm [5.23].  Moreover, the effect of overall film 
thickness was observed to be minimal in both the 20 and 100 nm cases, indicating that for 
the conditions examined, substrate effects were not a factor. 
In addition to the strain hardening response, NMM architecture was found to 
control the wear behavior of Cu/Nb.  It was shown that the thinner-layered systems were 
more resistant to damage arising from the wear contact, with less volume loss for similar 
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conditions.  By characterizing the structures beneath the wear contact, we observed that 
the deformation caused an increase in the texturing within the Cu and Nb layers, as 
indicated by changes in the electron diffraction patterns.  A similar texture evolution has 
been previously reported for NMM Cu/Nb after repeated straining resulting from ARB 
processing [5.24], but has not been found until now for systems produced by physical 
vapor deposition (PVD) or in the context of wear deformation. 
 
5.2.2. The Progression of Residual Stress During Thermal Loading of Nanoscale 
Metallic Multilayer Systems (Chapter Three) 
 
This study sought to identify major factors in the development of residual stress in 
NMM systems due to their role in microstructural stability.  Evolution of residual stress 
in Cu/Nb NMM systems was characterized by monitoring changes in substrate curvature 
during thermal loading.  The Nb layers largely control the stress progression in these 
systems, as shown through the similarities between the stress response of monolithic Nb 
and NMM films.  Stress development is a factor of NMM architecture illustrated by the 
dependence of thermoelastic slope on layer thickness.  An initial attempt was made to 
model this dependence using a linear regression.  Principally, the interfacial stresses can 
control the development of stress as the constituent materials expand and contract by 
varying amounts owing to the coefficient of thermal expansion (CTE) mismatch.  This 
explanation approach is needed as the CTE mismatch and elastic modulus should be 
equivalent for these systems that despite individual layer thickness are equivalent.  It has 
been observed that initial stress values will control stress progression during the first 
heating cycle, after which systems with similar architectures will express comparable 
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stresses on cooling and subsequent cycles.  Monolithic films display a similar progression 
between the initial heating cycle and subsequent cycles. 
In addition to monitoring stress by changes in substrate curvature, a localized, 
component-specific examination of the stress response for the Cu and Nb layers revealed 
that the components within the NMM system show the same response as their monolithic 
counterparts.  This effort utilized in-situ heated XRD to measure changes in the primary 
peaks to determine a component-specific stress value.  This distinction and comparison 
with curvature measurements can allow for the comparison between a local stress and a 
composite stress for varying considerations and applications. 
In this study, it was sought to recreate conditions that mimicked those known to 
previously caused softening [5.9].   However, through these thermal treatments, softening 
of the Cu/Nb and Nb/Cu NMM systems was not observed, as indicated by post-heating 
nanoindentation [5.9].  Similar to the present work, other researchers have observed high-
temperature stability of comparable systems [5.25–5.27], although the link between stress 
and stability established by Josell et al. remains [5.7, 5.8]. 
 
5.2.3. The Partial Transformation of Monolithic BCC Nb to FCC Crystal 
Structure (Chapter Four) 
 
 The examination of monolithic Nb during and after heating to 500 ˚C under 
vacuum revealed the transformation from BCC to FCC.  It is supposed that this 
transformation occurred beginning at approximately 475 ˚C as a sharp change in the 
stress response occurred at that temperature.  The structural change was further 
confirmed by XRD peaks that are consistent with computational simulations as 
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determined by Häglund et al. [5.28].  Moreover, it was identified that the biaxial elastic 
modulus of the Nb film increased from 115 ± 4 GPa to 153 ± 4 GPa after heating, which 
aligns with the predicted modulus of the FCC Nb structure (EFCC: ≈ 200 GPa) [28, 29].  It 
is believed that the transformation to FCC was incomplete for the conditions examined, 
as a remnant of the initial (110) BCC XRD peak was observed. 
The FCC allotrope of Nb has been identified previously in literature with limited 
occurrences.  However, in the few cases that have been reported, the transformation has 
been due to either initial film deposition [5.29, 5.30] or mechanical alloying including 
substantial impurities [5.31, 5.32].  Moreover, the previous reports did not detail a 
transformation of pure monolithic Nb [5.29–5.32].  This transformation involves 
considerable lattice expansion that is consistent with stress measurements and XRD 
results (Δσ ≈ 1120 GPa, Δθ ≈ 0.34˚).  Previous results indicate that the FCC structure is 
non-equilibrium and the change is enabled by the high energy of the nanocrystalline 
sputtered structures that often contain high defect densities [5.29].  This transformation is 
possible during heating of NMM systems, but has not been clearly identified, previous 
work has shown that formation FCC Nb may be possible in Cu/Nb NMMs during 
deposition [5.29]. 
 
5.3. Ongoing and Future Work 
The following points are recommended directions to further the findings of the 
present work to examine the performance of NMM systems under mechanical and 
thermal loading.  In general, the suggestions for future directions involve either methods 
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to refine the experimental process to reduce experimental limitations within the 
dissertation (Section 5.3.1) or to further confirm the mechanisms proposed to control the 
observed phenomena (Section 5.3.2.). 
5.3.1. Experimental Refinements and Further Study 
A thorough characterization of the dislocation-based processes for deformation 
during wear is essential to understand the associated mechanisms.  A detailed study of 
dislocation distribution in worn regions of NMM systems should be possible using 
transmission electron microscopy (TEM).  From the current study of worn NMMs we 
were unable to document the dislocation structure due to Moiré fringe artifacts and 
random grain orientation.  These issues could be alleviated by producing NMM systems 
with larger grain sizes, which could be achieved by further optimization of the deposition 
conditions (e.g. Ar processing pressure, input power).  Larger-grained, more oriented 
NMMs would permit for greater ease in obtaining atomic resolution within the TEM and 
a more heavily textured initial structure comparable to those seen in literature [5.33]. 
Additionally, the 1 µm total thickness NMM systems deposited onto Si substrates 
examined under macro-wear conditions remained fragile.  They were observed to 
delaminate under the minimum load (0.5 N) from the macro-wear study (Appendix C).  
Examining the 10 µm systems in similar macro-wear conditions provides a possible 
alternative, as they have been observed to be much more robust during their handling.  
These limitations could also be solved by increasing adhesion of the film and substrate 
[e.g. substrate treatment (thermal oxidation) or inclusion of an adhesion layer], or by 
decreasing the contact pressure in the macro-wear loading (i.e. larger counterfaces). 
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We have sought to estimate the extent of plastic zone development beneath the 
nanoindenter probe during contact in these layered systems.  However, the assumptions 
made (e.g. monolithic material, frictionless contact, no grain boundaries) in this 
estimation are a limitation to the applicability of the model to account for the layered 
geometry and elastic-plastic contact.  A more detailed analysis of plastic zone 
development would allow for more robust conclusions to be drawn about the methods in 
which strain propagates in NMMs and other layered architectures. 
Moreover, ARB-fabricated NMM systems have shown promise as a bulk 
nanomaterial [5.34, 5.35], but their wear response has not been examined.  Currently, the 
only existing studies to have examined the wear response of systems synthesized using 
the ARB process have studied bulk Al (ultra-fine grained) [5.19] or metal matrix 
composites of Al with ceramic particles [5.18].  In a separate context, researchers have 
sought to examine 300 nm Cu/Nb ARB systems using friction stir welding (FSW) and 
identified that the severe deformation processes associated with the FSW process resulted 
in large increases in hardness within the “weld nugget”, taking the initial hardness from 
2.5 ±0.1 GPa to 5.9 ± 0.2 GPa after welding [5.36].  This great increase in strength was 
attributed to not only the reduction of layer thickness and grain size, but also the gross 
deformation processes and associated strain hardening [5.36]. 
To further examine the role of NMM architecture (layer thickness) on thermal 
stress development, it is suggested that additional thicknesses be examined to confirm 
findings and develop a more detailed relationship between the architecture and the 
thermoelastic slope.  An initial linear regression model was developed, but it is necessary 
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to examine additional architectures to validate and improve this preliminary relationship.  
Additional systems, with individual layer thicknesses spanning the range from micro to 
nano-layers, would allow for a more robust trend to be identified using regression models 
that were not possible using only 20 nm and 100 nm systems.  It is supposed that the 
layer thickness dependent stress response requires a critical layer thickness, that above 
which the behavior is not controlled by the layer thickness. 
Through the examination of monolithic Nb during and after heating to 500 ˚C, the 
potential transformation from BCC to FCC was identified.  Efforts are underway to 
examine these structures using TEM to more finely identify the structures obtained after 
heating.  However, XRD results indicate that the transformation was incomplete.  
Ongoing efforts seek to identify if this transformation can be driven further to completion 
by examining the effect of maximum temperatures greater than 500 ˚C.  Moreover, as this 
transformation would require substantial energy to take place, it is possible that this could 
be quantified through the use of differential scanning calorimetry (DSC).  DSC has been 
utilized to quantify aspects of phase transformations in metallic systems [5.37, 5.38] as 
well as for thin metallic films on substrates [5.39, 5.40] and could provide additional 
insight into this phenomenon.  This transformation is also possible in NMM systems and 
has been identified during deposition of Cu/Nb [5.29].  However, the transformation of 





5.3.2. Utilization of Theoretical Models to Validate Proposed Mechanisms 
In addition to the proposed experimental work, the findings of this study could be 
further bolstered by the application of theoretical models to support the experimental 
work performed in this study to confirm the proposed mechanisms.  To corroborate the 
anticipated driving forces that have been proposed, it is suggested that appropriate 
modeling approaches (e.g. dislocation dynamics simulations, finite element analysis, and 
density functional theory) be used to further examine the findings in each of these 
settings.  In the case of wear deformation, dislocation dynamic simulations [5.41, 5.42] 
could be used to examine the role of varying dislocation density on the deformation 
mechanisms, thereby further examining the strain hardening findings.  The dependence of 
layer thickness on thermal stresses could be examined by finite element analysis [5.43, 
5.44] or density functional theory [5.45] to examine if increased interfacial density could 
result in larger thermal stress development.  Finally, the incorporation of density 
functional theory [5.46, 5.47] into the high-temperature high-stress response of pure Nb 
could reveal underlying mechanisms for the identified transformation to the FCC 
structure. 
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DISCUSSION OF RELIABILITY OF SURFACE PROFILE ANALYSIS USING 
MULTIPLE MEASUREMENT METHODS 
 
 
A.1. Introduction to Surface Metrology 
In the field of tribology, surface morphology is a major factor in controlling 
friction and wear [A.1, A.2], as such, being able to quantify the surface topography is 
essential [A.3].  There are many different analytical methods and types of instruments for 
surface metrology.  Surface metrology is defined as the measurement of small-scale 
features on a surface [A.3].  Some methods such as stylus profilometry and atomic force 
microscopy (AFM) utilize a sharp probe to physically measure features of a surface.  
While yet other methods rely on purely optical methods that utilize lasers or light 
interference to form a three-dimensional representation of the surface.  Each method has 
distinct benefits and drawbacks.  AFM has a very precise height resolution, but is subject 
to effects from the tip becoming dull or contamination and can be very slow to capture a 
single image [A.4, A.5].  On the other hand, non-contact methods are typically vary fast, 
but the lateral resolution can be a limiting factor and can be more subject to measurement 
issues due to light interactions with the object being measured [A.6]. 
Some terms that will be used in this section to compare measurement methods 
include resolution, accuracy, repeatability, and precision.  Resolution is defined as the 
smallest measurable increment of a tool or instrument [A.7].  Accuracy is described as the 
degree to which a measurement conforms to the correct value [A.7].  On the other hand, 
repeatability is a measure of the consistency of separate measurements of the same object 
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[A.7].  Finally, precision is a term used to describe a measurement that is both accurate 
and repeatable [A.7]. 
This brief section will compare measurements made of wear boxes on Cu/Nb 
NMM systems as well as a metrology calibration grid using both contact (AFM) and non-
contact [laser scanning microscope (LSM)] methods.  The instruments examined were a 
Veeco Multimode AFM (PI: M. S. Kennedy), a Veeco Dimension AFM (PI: D. Dean), 
and an Olympus OLS4000 LSM (Clemson Light Imaging Facility).  It was seen that for 
the calibration sample measured, the AFM and LSM measurements were determined to 
be significantly different.  However, by comparing measurements of the wear boxes 
performed in Chapter Two, the measurements were within the experimental uncertainty 
of each other.  This finding highlights the importance of confirming surface metrology 
values of unknown systems. 
 
A.2. Experimental Methods 
Varying surface types and geometries were measured to examine the reliability of 
the measurement methods available at Clemson University.  An AFM calibration grid 
with 5 µm × 5 µm × 200 nm (length, width, depth) trenches patterned into single crystal 
Si was measured.  Additionally, wear boxes (previously described in Chapter Two) of 
Cu/Nb NMM systems with varying layer thicknesses (2, 20, and 100 nm) on (100) Si.  
The wear boxes were performed with a desired edge length of 40 µm.  These surfaces 
were examined using two primary instruments: an AFM and a laser scanning microscope 
to measure the size of the box-like features.  AFM was performed using either a Veeco 
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Multimode or Dimension system controlled both operated with a Nanoscope IIIa 
controller.  AFM parameters have been shown to affect measurements [A.4, A.5], so 
every effort was made to maintain consistent values (rate: 0.5 Hz, lines/scan: 512).  The 
AFM scan sizes used were 40 µm for the calibration grid and 5 µm for the wear boxes.  
Laser scanning microscopy (LSM) was performed using an Olympus OLS4000 system. 
 
A.3. Results and Discussion 
AFM measurements of the calibration grid revealed an average trench size of 5 
µm × 5 µm × 211 nm.  The average depth calculations were made from quantifying the 
difference in average heights between the base of the trench and the crest between 
trenches (Fig. A.1).  A total of 12 trenches were measured for comparison.  An artifact of 
the image-processing techniques (Software: Veeco Nanoscope) to remove curvature from 
the AFM scan (e.g. plane-fitting and flattening) can be seen as changes in height from the 
horizontal spaces in between the trenches (middle height range) and the vertical spaces in 
between trenches (highest height range) (Fig. A.1).  As these differences in height were 




Fig. A.1. AFM image of 5 µm × 5 µm × 200 nm trenches on calibration grid sample.  
AFM measurements of the trenches show an average trench size of 5 µm × 5 µm × 211 
nm. 
 
LSM measurements of the calibration grid revealed an average trench size of 5 
µm × 5 µm × 113 nm.  The average depth calculations were made using measurements of 
the volume of each trench and the lateral dimensions (5 µm × 5 µm), as measured for 12 
trenches (Fig. A.2).  A t-test determined that the average trench depth measured with the 
two separate methods was significantly different (Table A.1, p-value > 0.001). 
 
Fig. A.2. LSM image of 5 µm × 5 µm × 200 nm trenches on calibration grid sample.  




Table A.1. Comparison of measurements made with varying surface metrology 
instruments. 
 
Layer Thickness Depth, Mean Depth, Std. Deviation 
AFM (Veeco Multimode) 211 nm** 1 nm 
LSM (Olympus OLS4000) 113 nm** 9 nm 
**Using a paired samples t-test, the AFM and LSM mesurements were determined to be statistically 
significant (p-value > 0.001) 
 
Similar measurements of 800 µN – 10 pass wear boxes were made for the 20 and 
100 nm Cu/Nb NMM systems presented in Chapter Two using both the AFM and LSM 
instruments.  Average depths of the wear boxes were measured using AFM scans of the 
edge region (Fig. A.3) and measuring the difference between the average height of the 
base of the wear box and the average height of the undisturbed material outside of the 
wear region.  The height measurement was done using 6 line profiles for each sample.  
From this method it was determined that the depth of the 800 µN -10 pass wear boxes 
were 10.3 nm for the system with 20 nm layers and 16.4 nm for the system with 100 nm 
layers. 
 
Fig. A.3. AFM profiles of the edges of 800 µN – 10 pass wear boxes on A) 20 nm Cu/Nb 
NMM and B) 100 nm Cu/Nb NMM showing volume loss due to wear.  From step height 
measurements between inside and outside wear box indicate average box depth of 10.3 
nm for 20 nm Cu/Nb and 16.4 nm for 100 nm Cu/Nb. 
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The depths of the same wear boxes were also calculated using LSM (Fig. A.4) in 
a manner consistent with the calibration grid sample to determine the wear volume and 
also using the lateral dimensions of the wear box (40 µm × 40 µm).  Cu/Nb wear boxes 
measured with LSM were determined to be an average of 10 nm deep for 20 nm layers 
and 14 nm deep for 100 nm layers. 
 
Fig. A.4. LSM profiles of wear boxes on A) 20 and B) 100 nm Cu/Nb showing volume 
loss due to wear.  From volume loss measurements between inside and outside wear box 
indicate average box depth of 10 nm for 20 nm Cu/Nb and 13 nm for 100 nm Cu/Nb. 
 
In contrast to the calibration grid, the wear box measurements show consistency 
between the AFM and LSM measurements (Table A.2).  The nature of the LSM 
measurements of the depth of the wear boxes (only a single test box per wear condition) 
preclude the use of statistical testing to examine the significance between the two 
measurement techniques.  However, as the measurements were made using the average of 
the entire wear box they are assumed to be representative.  Still, it was seen that the 
average depth of the 800 µN – 10 pass wear boxes as measured by LSM was within the 
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standard deviations of the AFM measurements (LSM: 10 nm & AFM: 10.3 ± 0.4 nm for 
20 nm & LSM: 13 nm & AFM: 13.5 ± 0.6 nm for 100 nm). 
Table A.2. Comparison of wear box measurements made with varying surface metrology 
instruments. 
 
Layer Thickness AFM Depth LSM Depth 
20 nm Wear Box (800 µN-10 pass) 10.3 ± 0.4 nm 10 nm 
100 nm Wear Box (800 µN-10 pass) 13.5 ± 0.6 nm 13 nm 
 
For the systems that were measured, the calibration grid system showed 
significant deviations between the AFM and LSM instruments.  This deviation could be 
due to the sharp high-aspect ratio nature of the trench walls and the possibility for 
shadow effects of the laser used to measure the surface [A.6].  From these findings it is 
advisable to confirm surface measurements made with this LSM system with other 
measurements (such as AFM) to identify possible artifacts. 
 
A.4.  Initial Conclusions 
From comparison of surface measurements of various topographies it was 
determined that for measuring the wear boxes (Chapter Two) the AFM and LSM 
measurement methods are in agreement.  However, for the calibration grid sample this 
was not the case, as the two measurement methods were found to vary significantly.  As 
both of these types of surface metrology methods can be subject to artifacts and other 
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B.1. Introduction to Accelerated Aging of NMMs 
Softening was observed during a previous examination the aging behavior of 
NMM Cu/Nb film systems on Si substrates [B.1, B.2].  When compared with similar 
studies [B.3– B.5], this softening was unexpected.  One hypothesis is that the softening 
may have been attributed to residual stresses.  This residual stress may destabilize the 
microstructure as the other forces can as identified by Josell et al. (e.g. capillary force) 
[B.6– B.8]. 
One particular aspect to the prior study is the heating apparatus used for the 
accelerated aging, a temperature controlled hot plate.  It is the objective of this supporting 
study to further clarify variability in temperature control and uniformity of samples 
placed on hot plates.  In the previous study, the hot plate was placed inside a glove box to 
be able to maintain an inert atmosphere with the introduction of a controlled gas (e.g Ar).  
This initial examination of temperature fluctuations across a hot plate used for 
accelerated thermal aging was performed in conjunction with Mr. D. Lowry during the 
completion of his MSE-4910 senior research project at Clemson University. 
 
B.2. Experimental Methods 
The temperature of Si wafers placed on a VWR hot plate (VMS-C7) was 
examined through the use of a Craftsman High Temperature InfraRed thermometer 
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(Model #50466) (Fig. B.1).  The Si wafers used in this study were 3” diameter (100) p-
type Si (thickness 350-400 µm) from Wafer World inc, some of the Si substrates used 
had been previously sputtered with < 1 µm metallic films.  The VMS-C7 hot plate has a 
glass ceramic heating plate and a 5 ˚C temperature setpoint resolution.  The infrared 
thermometer has a stated accuracy within 2% of the actual temperature (8 ˚C at 400 ˚C)  
Two separate experiments were carried out; first to examine the temperature gradient 
across a single 3” Si wafer (76 mm) on a hotplate as it was heated from 25 ˚C (room 
temperature) to 400 ˚C.  This was done by dividing the wafer into five regions [four 
quadrants and the center, (Fig. B.2)] and measuring each region twice in two-minute 
intervals for the first 20 minutes of heating to 400 ˚C. 
 
Fig. B.1. Image of temperature measurement arrangement using infrared thermometer.  




Fig. B.2. Schematic of measurement regions on a single 3” Si wafer, quadrants are 
numbered in clockwise rotation with the final region in the center.  Orientation is based 
relative to primary flat. 
 
Additionally, the temperature distribution across the entire 7” hot plate surface 
(180 mm square) was determined by using measuring the temperature of multiple Si 
wafers that were placed on the hot plate simultaneously (Fig. B.3).  Measurements at 
various temperature setpoints were made by allowing the substrates to reach a steady 
temperature at room temperature (25 ˚C), 100, 200, 300, and 400 ˚C.  Two temperature 
measurements were taken at each position at each temperature setpoint.  The substrates 
used for this part of the study had various sub-1 µm metallic films on them that were 
assumed to negligibly affect the temperature measurement while adhered to the substrate. 
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Fig. B.3. Arrangement of Si wafers for measuring temperature variation across surface of 
hot plate.  Silicon wafers used for this study had various sub-micron films on the surface 
of the Si prior to heating, which were assumed to negligibly affect the measurement 
while adhered.  Wafer positions are labeled consistent with subsequent measurement 
numbers. 
 
B.3. Results and Discussion 
As a single Si wafer is heated in the center of the hot plate from room temperature 
to 400 ˚C it takes less than 4 minutes for the sample to reach a steady state value (Fig. 
B.4).  During initial heating the temperature variability is appreciable (ΔT = 46 ˚C 
between regions), but it is possible that this is due to the timing of the measurements 
during heating.  One the samples reach a steady value is reached, the variation is 
decreased (mean temperature: 376 ± 8 ˚C).  It was seen through heating a single 3” Si 
wafer (bare) from 25 ˚C to 400 ˚C that there was minimal temperature variation across 
the surface, indicating that across small distances on the hot plate the temperature is 
consistent.  Assuming one-dimensional steady state heat flow, the output power of the hot 
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plate (500 W) should result in negligible temperature change (< 1 ˚C) through the 
thickness of the silicon wafer (ksi: 148 W/mK, thickness: 375 µm). 
 
Fig. B.4. Temperature distribution across regions of a single 3” Si wafer during heating 
from 25 ˚C to 400 ˚C.  During heating it takes less than 4 minutes to reach 376 ˚C and 
then remains stable within 8 ˚C (Std. Deviation), indicating minimal fluctuations across 
smaller distances (< 3”).  Positions are indicated in Fig. B.2.  A) Graph includes all 
measurement points, B) is an inset with a reduced temperature range to show variation at 
high temperature. 
 
When multiple Si wafers were placed across the entire 7” surface of the hot plate 
and measured at various temperature setpoints (Fig. B.5) greater variation was observed 
when compared to the temperature across the single substrate (Fig. B.4).  Above 200 ˚C, 
the differences between the hot plate temperature setpoint (dial) and the wafers were as 
much as 120 ˚C.  Fig. B.5 shows that there is appreciable variation in temperature across 
the entire surface of the hotplate.  In all instances, the measured surface temperatures 
were less than the intended temperature (mean ΔT: -59 ± 37 ˚C), indicating that the 
accelerated aging temperature used in the previous study was an overestimate of what 
was actually achieved.  Comparing the hot plate measurements to direct measurements 
taken of samples used for in-situ curvature stress measurements the overestimate is 
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consistent between the heating element and the film surface.  In the case of the sample 
heater for the curvature measurement instrument, the surface reached ≈360 ˚C for an 
intended setpoint of 400 ˚C.  However, the initial study utilized a glove box to control the 
surrounding atmosphere, the effect of the glove box on restricting convective heating was 
not studied and could further affect the temperature distribution. 
 
Fig. B.5. Temperature distribution of various substrates across entire surface of hot plate 
used in study and compared with ideal value.  Appreciable deviations were observed 
between the temperature setpoint and the measured temperature, film surface 
temperatures measured in some instances are greater than 120 ˚C below the idea 
temperature.  Positions are indicated in Fig. B.3. 
 
Immediately following heating, it was observed that one of the films had 
delaminated and disintegrated from the substrates (wafer #3, Fig. B.6).  It is unknown at 
what point during heating or cooling that the initial delamination occurred.  However, it 
is noted that the sample that was most obviously affected by film failure was the same 
that was measured to have the lowest temperature (Fig. B.5).  It is conceivable that 
delamination is a source for temperature measurement error.  As the film is no longer 
 154 
bound to the underlying substrate, thermal conduction to the film surface is limited by the 
incomplete contact.  However, the total film failure seen in Fig. B.6 is not necessary for 
the lack of thermal conduction, as any gap between the film and the substrate would limit 
conduction pathways. 
 
Fig. B.6. Image of film delamination that occurred following heating of test wafers for 
temperature measurement of wafer #3.  This delamination could have affected accuracy 
of measurement due to non-ideal thermal conduction to free-standing film. 
 
B.4.  Initial Conclusions 
Through measurement of substrate and film surfaces on samples heated on a hot 
plate used for a previous accelerated aging the possibility for deviations between the 
setpoint and the actual surface temperature was seen.  Across shorter distances there is a 
lesser difference and variability between the setpoint and measured temperatures (ΔT: -24 
± 8 ˚C) than the entire surface of the hot plate (ΔT: -59 ± 37 ˚C).  Some of the variation 
observed in this experiment could be due to film delamination that was identified 
following heating, which would result in underestimation of the surface temperature due 
to limited thermal conduction pathways.  Ignoring measurements of delaminated films 
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the variation across the hot plate becomes: ΔT: -32 ± 15 ˚C.  It is also noted that the 
measured surface temperature for the in-situ curvature stress measurements were only 
≈360 ˚C, so the thermal profile in the previous study is likely comparable with the current 
stress study. 
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Wear and wear mechanisms are a function of initial hardness, surface roughness, 
sliding velocity, and applied load [C.1– C.4].  Different contact pressures will result in 
changing predominant wear mechanisms [C.3], which can be identified to better 
understand the wear process in a system [C.5].  Initial studies of the deformation with 
NMM systems under sliding contact were done using Cu/Nb and Cu/Ag utilizing linear 
reciprocating wear testing.  Analysis of the friction and wear confirmed initial trends of 
increasing hardness with decreasing layer thickness [C.6, C.7], as well as the influence of 
layer thickness on abrasion morphology [C.8], and wear deformation [C.8, C.9] for 
NMM systems.  Additionally, we observed that the coefficient of friction (CoF) was 
dependent on the layer thickness, as the layer thickness is reduced and hardness increases 
this translates to a reduced force to resist lateral motion under similar condition.  This 
study was carried in conjunction with the work of two summer REU students: Mr. B. 
Ranjbaran and Mr. E. Jimenez. 
 
C.2. Experimental Methods 
In this investigation both Cu/Nb and Cu/Ag NMM systems were examined with 
either 20 or 100 nm thick individual layers (1 µm total film thickness) on (100) Si wafers 
(Thickness: 350-400 µm).  The Cu/Nb systems were prepared as previously described in 
Chapters Two and Three using the Clemson University Center for Optical Materials 
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Science and Engineering Technologies (COMSET) Kurt J. Lesker sputter deposition 
system.  Cu/Ag NMM films were sputter deposited in a similar manner with an initial bas 
pressure of < 7.0e-7 torr, a processing pressure of 9.5 mTorr, and power of 100 W DC for 
Cu and 200 W RF for Ag.  This yielded approximate deposition rates of 3.8 and 2.8 
nm/min respectively for Cu and Ag films, which is comparable with the Cu and Nb 
deposition rates used previously. 
Following deposition the scratch and wear response of the films was characterized 
using a CETR UMT-2 linear reciprocating wear system.  The UMT-2 is capable of loads 
ranging from 0.5 N to 20 N, which result in contact pressures of 320 MPa to 1120 MPa 
respectively for a 3/8” stainless steel ball.  Tests were performed with a 3/8” 440C 
stainless steel ball as the counterface that had been cleaned with ethanol prior to testing.  
Scratch and wear test were performed to a load of 0.5 N, for 2 cm in length at a rate of 1 
mm/sec.  This yielded a contact pressure of 320 MPa.  Scratch tests were performed 
using a single pass in a single direction, whereas wear tests utilized either 10 or 20 passes 
in both directions.  Normal and lateral load measurement during the testing allowed for 
the direct computation of coefficient of friction as the tests progressed. 
Initial hardness of the films was measured in a manner as previously described in 
Chapter Two.  A Hysitron Triboscope nanoindentation system equipped with a Berkovich 
nanoindentation probe was used to perform indentations in displacement controlled mode 
to maximum depths between 50 nm and 100 nm to minimize substrate influence on the 
measurements.  Post-deformation characterization focused on measuring the residual 
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wear/scratch scars utilizing both a Wyko white light interferometer and a Hitachi S-4800 
field emission SEM. 
 
C.3. Results and Discussion 
Initial hardness of both Cu/Nb and Cu/Ag were shown to depend on layer 
thickness (Fig. C.1), with thinner layers resulting in a greater hardness, consistent with 
other observations of similar systems [C.6, C.10].  The tests on thinner 20 nm layered 
systems experienced less friction than the tests of thicker 100 nm layered system (Fig. 
C.2).  This is due to the increased hardness, which will deform less for similar loading 
[C.11].  As a result of the reduced deformation in the 20 nm NMM systems, it is possible 
that there is less opposition to lateral motion of the film and counterface. 
 
Fig. C.1. Initial hardness of Cu/Nb and Cu/Ag NMM systems showing increasing 




Fig. C.2. Coefficient of friction for Cu/Ag NMM systems during 20 pass wear testing.  
Thicker layered (100 nm) system shows higher steady state friction level. 
 
After scratch deformation of the NMM systems, the resulting deformation was 
examined through the use of SEM and non-contact profilometry.  Wear morphology was 
identified by examining the residual scars to identify key features that indicated the 
mechanisms by which wear deformation occurred.  Within the wear track of the 20 nm 
Cu/Ag NMM system the topography revealed that some of the film material had been cut 
away (Fig. C.3), indicative of cutting abrasion [C.5].  This can be seen both persisting 
along the scratch in the plan view (Fig. C.3A) as well down into the film as seen in the 




Fig. C.3. SEM images of 20 nm Cu/Ag NMM system after sliding wear deformation in 
A) plan view and B) cross-section view highlighting abrasion morphology. 
 
The cutting abrasion identified in the 20 nm Cu/Ag (Fig. C.3) is contrasted with 
the surface morphology observed in the 100 nm Cu/Ag system (Fig. C.4).  The wear 
damage observed in Fig. C.4 shows that material has been pushed to the side of the wear 
track as opposed to cutting away, which is indicative of plowing abrasion [C.5].  A 
greater degree of plastic deformation is involved in the plowing abrasion mode relative to 
cutting abrasion and is more prevalent in softer systems [C.5].  The transition in abrasion 
modes was previously seen for Cu/Ag examined under nanoscratch conditions and 





Fig. C.4. SEM images of 100 nm Cu/Ag NMM system after sliding wear deformation in 
A) plan view and B) cross-section view highlighting abrasion morphology. 
 
The amount of residual wear damage is observed to correlate with the layer 
thickness (Fig. C.5).  The wear scars on the 100 nm systems are deeper than those from 
20 nm systems (Fig. C.5).  These results show the  dependence on layer thickness as both 
the friction measurements and the wear morphology.  The increased deformability of the 
softer 100 nm system yields both a greater frictional force as well as a greater amount of 
residual wear damage. 
 
Fig. C.5. Height profiles of wear scars for both 20 and 100 nm Cu/Ag NMM systems 
showing greater deformation and damage in 100 nm system. 
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Similar examination of Cu/Nb NMM systems yielded congruent results with those 
identified for Cu/Ag.  However, the scratch and wear deformation of Cu/Nb NMMs 
revealed two additional findings.  First, the Cu/Nb films after scratching were observed to 
delaminate and buckle in the region surrounding the point of contact (Fig. C.6-C.8).  The 
full extent of the buckle’s width can be seen in Fig. C.6, which was greater than the width 
of the residual wear damage.  A closer examination of one of the segments of the buckle 
(Fig. C.7 & C.8) revealed that the residual wear damage was not coincident with location 
along the buckle but spaced throughout the peak and trough of the feature.  It is suggested 
that the additional stresses imposed on the NMM system due to the test loading were too 
great to maintain adhesion between the film and substrate and the buckle morphology 
formed.  The formation of buckles is an undesirable circumstance that limits the study of 
the deformation and wear response of the NMM systems.  In order to avoid buckles from 
forming there are two possible options for carrying out the testing by either decreasing 
the normal force during loading or to increase adhesion.  Also, as the stresses involved in 
the loading conditions must have persisted through to the film/substrate interface thicker 




Fig. C.6. SEM images of 100 nm Cu/Nb NMM system after sliding wear deformation 




Fig. C.7. SEM images of 100 nm Cu/Nb NMM system after sliding wear deformation 
showing close up of buckling around scratch region (labeled regions correspond with Fig. 
C.6 and C.8). 
 
Additionally, strain localization was noted in the Cu/Nb systems near the point of 
contact (Fig. C.8).  The surface and interfaces of the uppermost layers were disturbed 
from their initially uniform positions as a result of the wear contact.  This strain 
localization may have occurred in the Cu/Ag systems but the fracture surface in the cross-
sections is unclear due to the lack of brittle fracture in both Cu and Ag.  The brittle 
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fracture of the Nb components in Cu/Nb NMMs may allow for the preservation of most 
of the clear layered structure in the cross-sections of the 100 nm architecture (Fig. C.8). 
 
Fig. C.8. Higher magnification SEM images of 100 nm Cu/Nb NMM system after sliding 
wear deformation showing localized deformation in the upper layers within the buckling 
around scratch region (labeled regions correspond with Fig. C.6 and C.7). 
 
C.4.  Initial Conclusions 
Scratch and wear tests of Cu/Ag and Cu/Nb NMM systems showed the same 
relationship between layer thickness, coefficient of friction, and residual wear damage as 
earlier studies [C.8, C.9].  Systems with thinner NMM individual layers were harder, had 
a lower coefficient of friction, and less volume was removed due to wear during sliding 
than similar systems with thicker layers under equivalent conditions.  Additionally, the 
abrasion wear mechanisms seen were observed to correlate with layer thickness.  The 
wear mechanisms of the tests with the thinner layered systems show cutting abrasion 
while the tests of thicker layered systems show predominantly plowing. 
The examination of scratches performed on the Cu/Nb NMM systems revealed 
two key observations.  First, the scratches performed caused the films to buckle and 
delamination from the underlying Si, indicating that the loading parameters overcame the 
adhesion energy between the film and the substrate.  Also, deformation localization was 
observed near the point of contact (within the upper layers).  From these results it was 
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sought to fabricate thicker films to avoid substrate effects and to utilize nano-wear testing 
methods to further examine the deformation and wear response of the NMM systems 
themselves and not as a film on substrate configuration. 
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CHARACTERIZING PHASES FORMED DURING THERMAL LOADING OF 
NANOSCALE METALLIC MULTILAYER SYSTEMS 
 
 
D.1. Introduction to Silicide Formation 
The interaction of Cu and Si often can present a problem in the formation of Si-
containing metallic compounds after heating.  Previous researchers have examined Nb as 
a diffusion barrier to include in between the Cu and underlying Si substrate in order to 
mitigate interaction issues [D.1].  The formation temperature for Cu3Si has been reported 
by Cros et al. to be approximately 200 ˚C [D.2].  But others (Filho et al.) have reported 
the formation of Cu4Si, Nb3Si, and Nb5Si3 after heating bilayer systems to 500 ˚C for 30 
minutes under vacuum [D.1].  The Cu-Nb-Si ternary phase diagram indicates that there 
are at least seven multicomponent phases that are stable at room temperature for this 
system [D.3].  Cu and Nb are completely insoluble in one another, with no binary 
intermetallic formation between the two [D.4].  Heating to higher temperatures (> 700 ˚C 
was observed to cause significant intermixing and the formation of a stable ternary phase 
(Nb5Cu4Si4) of the Cu/Nb/Si systems [D.1]. 
It is the objective of this study to build on the previous work by examining thinner 
layers (20 and 100 nm, as opposed to 200-300 nm [D.1]).  This study also expands the 
previous work on interlayer/bilayer geometries to look and multilayer systems.  To 
examine this, systems fabricated and exposed to thermal loading (discussed in Chapter 
Three) were examined for the formation of Si-containing phase compounds. 
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D.2. Experimental Methods 
Following the examination of the stress due to thermal loading (Chapter Three), 
the monolithic and nanoscale metallic multilayer (NMM) systems were examined for the 
formation of new compounds in the material.  As Cu and Nb are insoluble in one another 
[D.4], attention was focused on the interface between the film systems and their Si 
substrates.  Film cross-sections were examined after they had been heated using a Hitachi 
S-4800 field emission gun (FEG) scanning electron microscope (SEM).  Elemental 
mapping was conducted using Oxford Instruments EDS systems integrated into the FEG-
SEM instruments.  Cross-sections were prepared by cleaving the sample immediately 
prior to insertion into the SEM using a 90˚ cross-section holder from Ted Pella Inc. 
 
D.3. Results and Discussion 
The formation of particles were observed at the interface between monolithic Cu 
and Si after heating (Fig. D.1A).  Mapping the elemental distribution with EDS shows 
that the region of interest contains appreciable Cu and Si (Figure D.1B & D.1C).  It is 
seen that the Cu (Fig. D.1B) and Si (Fig. D.1C) regions exceed the position of the of the 
initial interface, indicating intermixing of the Cu and Si components.  The Si signal 
observed by EDS is not as strong as the Cu signal which qualitatively confirms the Cu3Si 
and Cu4Si stoichiometry noted in the literature [D.1].  Additionally, a volume change is 
apparent for the new phase as it penetrates into the substrate and exceeds the height of the 
original film surface, this can be expected when comparing the atomic packing factors of 
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the FCC Cu and the crystal systems of the binary Cu-Si compounds (Cu3Si: 
orthorhombic) [D.3], but more study is still needed to further identify this. 
 
Fig. D.1. SEM cross-section of particle formed at interface between monolithic Cu film 
and Si substrate (A).  EDS area maps of B) Cu and C) Si indicate that the particle 
contains significant Cu and Si (right), which is consistent with the formation of a Cu Si-
containing phase. 
 
The formation of the Si-containing phase occurred in the presence of an Nb 
adhesion layer (≈ 5 nm) between the Si and Cu.  This adhesion layer was not sufficient 
enough to prevent the formation of the Si-containing compounds at the conditions 
examined.  Cross-sections of monolithic Nb after heating did not reveal similar 
observations (Fig. D.2), as the Nb/Si interface is uniform and free of major defects. 
 
Fig. D.2. SEM cross-section of monolith Nb film after heating to 400 ˚C.  No major 
defects were observed at the Nb/Si interface.  
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The 20 nm NMM systems were examined for evidence of new phase formation 
after heating (Fig. D.3).  The formation of Si-containing phase particles was observed at 
the film/substrate interface for the 20 nm Cu/Nb NMM architecture (Fig. D.3A & D.4).  
The particles observed in Figures D.3 and D.4 are comparable to those observed for the 
monolithic Cu film after heating (Fig. D.1).  Significant Si-containing phase particles 
were not observed for the 20 nm Nb/Cu NMM system after heating to 400 ˚C (Fig. 
D.3B).  The fracture surface observed is similar to that of an as-deposited NMM system.  
It appears that the 20 nm Nb base layer is sufficient to prevent Si-containing phase 
formation for the conditions examined. 
 
Fig. D.3. SEM cross-sections of 20 nm A) Cu/Nb and B) Nb/Cu NMM systems after 
heating to 400 ˚C.  Multiple Si-containing phase particles have formed at the interface 
between the NMM system and the Si substrate.  These particles show a similar geometry 
to what was observed for the monolithic Cu films.  However, similar formations are not 
observed in the Nb/Cu systems. 
 
A potential site for delamination of the film due to the formation of the Si-
containing phase particle is observed for the 20 nm Cu/Nb NMM system (Fig. D.4).  
Delamination occurs in thin film systems when the energy in the system exceeds the 
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adhesion energy of the interface [D.6].  It is possible that the forming phase pushes 
against the NMM and causes it to delaminate, but more study is needed. 
 
Fig. D.4. SEM cross-section of 20 nm Cu/Nb NMM system after heating to 400 ˚C.  A 
new phase was observed to form at the interface between the film and the substrate 
similar to the Si-containing phase observed in monolithic Cu.  It is possible that this 
formation caused the film to delaminate from the substrate. 
 
This is important to note considering the impact that delamination can have on 
nanoindentation measurements and the ultimate performance of the coating.  The open 
spaces between the film and substrate can serve as stress concentrations and could be a 
potential location for total film failure when compared with a fully adhered system.  It is 
important to note that while this possible delamination was observed for the older 20 nm 
system, any areas of weak adhesion between the NMM systems and the underlying 
substrate could be at risk for similar damage.  The formation of the Si-containing phase 
particle if obstructed could possibly lead to delamination in any system as seen in Figure 
D.4. 
Also to note is the effect of this evolution in surface roughness on the stress 
measurements.  The enhanced surface roughness scatters the laser grid of the curvature 
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measurements, which degrades the signal used.  Up to a point, this can be dealt with, but 
at times it caused the kSA MOS system to no longer be able to measure the curvature and 
the test would fail.  Most notably this occurred during attempts to measure the effect of 
multiple thermal cycles on the older 20 nm Cu/Nb NMM systems.  All attempts at three 
thermal cycle stress measurements on the older 20 nm Cu/Nb NMM systems failed. 
Additionally it is noted that in Fig. D.1, D.3, and D.4 as well as other regions 
observed that the shape of the particles with respect to the Si substrate are consistent.  
This is indicative of an orientation relationship between the single crystal Si substrate and 
the new phase that was formed.  The potential orientation relationship could be the cause 
of difficulty in detecting these formations by XRD methods (Chapter Three).   
Cross-sections of the 100 nm NMM geometries highlight similar responses to the 
20 nm systems; those with Cu as the base layer are more likely to have a reaction to the 
substrate at the interface (Fig. D.5).  Although, it is noted that the morphology of the new 
phase observed in 100 nm Cu/Nb (Fig. D.5A) does not have the same morphology as the 
20 nm systems (Fig. D.3A & D.4) and the monolithic Cu film (Fig. D.1).  Instead, a 
series of irregular particles have formed at the interface between the bottom layer of Cu 
and the Si.  Similar to the issue of delamination, this seemingly porous region between 
the film and underlying substrate could serve as a point of mechanical failure initiation. 
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Fig. D.5. SEM cross-sections of 100 nm A) Cu/Nb and B) Nb/Cu NMM systems after 
heating to 400 ˚C.  Cu/Nb NMM geometry shows the formation of porous morphology at 
the NMM/substrate interface, where Nb/Cu NMM geometry does not. 
 
 As with the 20 nm Nb/Cu system, the 100 nm Nb/Cu NMM did not show 
observable Si-containing phase formation (D.5B).  The fracture surface after heating to 
400 ˚C appeared similarly to the as-deposited condition.  It is observed that for the 
conditions examined having both 20 and 100 nm base layers of Nb are sufficient for the 
prevention of Cu Si-containing phases. 
 
D.4. Initial Conclusions 
Through the examination of monolithic and NMM geometries that were heated as 
part of the stress evolution study (Chapter Three), varying Si-containing phase formation 
behaviors were observed.  Cu rich Si-containing phase formation was prevalent in 
monolithic Cu films after heating to both 400 and 500 ˚C that is consistent with the 
reports of Cu3Si and Cu4Si [D.1], which was confirmed by EDS.  Minimal changes were 
observed in the monolithic Nb film after heating. 
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It has been observed that after heating to 400 ˚C NMM systems with Cu as the 
base layer formed similar features at the NMM/substrate interface.  This formation led to 
the development of surface features in the 20 nm Cu/Nb systems and a discernable Si 
peak when examined by EDS.  Cross-sections of the 20 nm Cu/Nb systems showed the 
formation of cone-shaped features penetrating into the Si substrate, consistent with 
observations of the monolithic Cu systems.  However, the 100 nm Cu/Nb system showed 
an irregular porous structure that has not been fully identified.  Negligible changes were 
observed for the Nb/Cu NMM systems. 
The delamination observed as well as the porous interface between the NMM 
systems and the underlying substrate pose significant issues to the longevity of the NMM 
itself.  They can serve as initiation points for mechanical failure (i.e. unsupported regions 
of the film, potential stress concentrations).  For this reason, it is suggested that at the 
conditions examined it is preferable to have Nb as the base layer.  However, it is still 
noted that Nb Si-containing phases are also possible at higher temperatures [D.1]. 
The shape of all of the Si-containing phase particles penetrating into the Si 
substrate suggests an orientation relationship with the single crystal Si substrates.  This 
orientation likely hinders the ability to satisfy the diffraction condition for the Si-
containing phases, a possible explanation as to why they have not been observed by XRD 
(Chapter Three).  In order to better identify these particles methods such as electron 
energy loss spectroscopy (EELS) or electron diffraction could be employed.  Also, at 
present we have focused on the formation of binary Cu Si-containing phases, but ternary 
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phases are also possible (Nb5Cu4Si4) [D.3].  If higher temperatures are to be seen, the use 
of a secondary diffusion barrier interlayer may be needed for these films on Si substrates. 
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E.1. Introduction to Recent Engineering Education Research 
In addition to the materials science work that formed the bulk of this dissertation, 
additional efforts have been directed toward engineering education research.   
Engineering education research is vital to ensure that the next generation of engineers and 
scientists can be educated in efficient and varied means.  This is especially important for 
equipping a workforce of diverse engineers that can solve the problems of the future and 
remain competitive in an increasingly global market.  These issues pertain not only to the 
domain of engineering as a whole, but specifically to the field of materials science and 
engineering (MS&E), as furthering the understanding of motivation may allow for 
student development and recruiting strategies that better seek to communicate the field 
with the next generation of leaders.  With that in mind, we have sought to explore factors 
surrounding student decision-making for attending summer research opportunities within 
the National Science Foundation’s (NSF) Research Experiences for Undergraduates 
(REU) program.  Additionally, with the prevalence of large-format service courses, 
particularly the introductory MS&E class taught to many different engineering 
disciplines, with collaborators within the University of Kentucky’s Department of 
Educational, School, and Counseling Psychology, we have begun exploring student 
motivation within engineering classrooms.  We have sought to quantify different types of 
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engineering self-efficacy (engineering skills, design, and general engineering) and MS&E 
specific self-efficacy and how that self-efficacy relates to outcomes such as achievement. 
 
E.2. Identifying major factors influencing students’ selection of NSF REU sites: a pilot 
study 
 
Abstract: This study seeks to elucidate factors influencing undergraduate engineering 
student intent to participate in research assistantships offered through National Science 
Foundation (NSF) research experiences for undergraduates (REU) site programs.  
Understanding participant decision criteria could increase targeting of specific student 
populations, improve program outcomes, and increase efficiency of site directors.  This 
ongoing study builds off previous work by the NSF on REU programs to answer the 
following questions: (1) are participant selection criteria uniform for all STEM REU 
programs or do they vary by program primary discipline, (2) do additional factors not 
previously considered, such as geography and other offers they receive, significantly 
impact REU selection, and (3) do factors significantly vary by each successive student 
cohort.  To collect data, a survey was sent to REU participants through nine participating 
National Science Foundation (NSF) site administrators.  Geographic distributions of 
applications were classified based on distance and spread with respect to hometown and 
indicated applicant divisions.  Initial results showed that twenty five percent of these 
participants were offered multiple positions and seven percent of respondents declined 
another offer before accepting their current position. 
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Potential impacts to the field of MS&E:  REU programs seek to recruit and retain the 
best and brightest students into research and graduate studies.  They often function as an 
opportunity for an undergraduate student to “test the waters” of graduate school.  By 
better understanding how students are attracted to these types of programs and make 
associating decisions, the recruitment process may be able to be altered to better suit a 
strong and diverse applicant pool.  This will seek to maintain a high standard of students 
that maintain an interest in research and graduate studies, which is instrumental for the 
advancement of the field of MS&E. 
Further information can be found in: Identifying Major Factors Influencing Students' 
Selection of NSF REU Sites, Economy DR; Martin JP; Kennedy MS, Proceedings of the 
43rd Annual Frontiers in Education Conference, Oklahoma City, OK (Oct. 2013) 1257-
1259. 
 
E.3. Factors associated with student decision-making for participation in the research 
experiences for undergraduates program 
 
Abstract: In the United States of America, the federally funded National Science 
Foundation (NSF) makes significant investments in exposing undergraduate students to 
academic research in engineering and science through its Research Experience for 
Undergraduates (REU) program.  REU grants provide individual faculty members (and 
teams of faculty) across the USA with funds to conduct program sites, which generally 
occur during the summer months and are thematically organized around a specific area of 
research.  These faculty administrators are not only responsible for providing a high 
quality research experience to participants, but are also focused on successfully recruiting 
a diverse pool of applicants and ensuring acceptances from highly competitive 
participants.  This study examines how applicants view the importance of programmatic 
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and application factors.  With a goal to provide practical implications for program 
administrators and others interested in promoting undergraduate research participation, 
this study primarily considered items identified as controllable by the site 
directors/administrators to improve recruitment efforts.  This study also considered some 
additional factors, such as the geography of programs to which applications are submitted, 
that could potentially give insight into how students are choosing programs.  An online 
survey was created and distributed to current program participants by participating 
research site administrators at 34 American institutions yielding 129 complete responses. 
Initial results confirmed that most applicants seek positions within an array of sites 
encompassing a broad area (median values: three applications and 763 miles from home).  
Analysis of participants’ responses showed that 34% were offered multiple positions and 
17% of respondents declined another employment offer before accepting their current 
position.  The primary factors that student applicants consider important for impacting 
their selections were (1) focus of the research project, (2) stipend or compensation, and 
(3) the date they receive their acceptance and offer.  The first factor aligns with previous 
findings, but the second and third factors demonstrate how the program administrator can 
influence the selection, which has not been previously observed. 
 
Potential impacts to the field of MS&E: Similar to above, recruiting excellent students to 
research programs and graduate studies is a necessity for further advancement of the field 
of MS&E.  Better understanding the selection process for research programs has the 
potential to allow more intelligent promotion of these types of programs.  Reaching 
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students outside of the conventional demographic that attend undergraduate research 
programs is pivotal for recruiting a diverse pool of applicants to MS&E graduate 
education. 
Further information can be found in: Factors Associated With Student Decision-Making 
for Participation in the Research Experiences for Undergraduates Program, Economy 
DR; Martin JP; Sharp JL; Kennedy MS, International Journal of Engineering Education 
(2014) 30-6(A):1395-1404. 
 
E.4.  An examination of students’ motivation in engineering service courses 
Abstract: To increase the number of science, technology, engineering, and mathematics 
(STEM) graduates, educators need to identify ways to increase student persistence from 
entry until graduation.  The objectives of this study are to determine (1) if motivation 
affects learning outcomes in engineering service courses and (2) whether students’ level 
of motivation tracks with specific engineering disciplines.  Students enrolled in a 
sophomore-level engineering service course were surveyed to examine their motivation 
in engineering service courses and to assess the relationship between their motivation and 
their achievement and desire to persist in the engineering discipline.  The survey 
measures for self-efficacy, task value, and achievement goals in engineering were created 
and evaluated during an initial pilot study. Initial results showed internal consistency 
among the items in each measure. 
 
Potential impacts to the field of MS&E: This preliminary work begins to show how 
different students, both in MS&E as well as other engineering majors, view the content in 
the introductory MS&E course.  It is necessary to strictly communicate the importance of 
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the field of materials science to those engineers who most likely will never take another 
course on the subject again.  Many of these students will need to understand structure-
property-processing relationships in their eventual positions within the engineering 
workforce.  Through this work, we hope that we can understand how to better motivate 
students within large discipline specific engineering service courses, such as the 
introductory MS&E class. 
Further information can be found in: An Examination of Students’ Motivation in 
Engineering Service Courses, Mamaril NA; Economy DR; Usher EL; Kennedy 
MS, Proceedings of the 43rd Annual Frontiers in Education Conference, Oklahoma City, 
OK (Oct. 2013) 1825-1827. 
 
E.5.  Measuring undergraduate students’ engineering self-efficacy: an instrument 
validation 
 
Abstract: Researchers have shown that general and adapted self-efficacy measures can 
provide some insight into engineering undergraduate students’ experiences and predict 
student achievement.  To improve predictive capabilities for engineering outcomes, self-
efficacy measures for undergraduate engineering students should be tailored to probe 
skills within the domain of engineering.  It is the purpose of this study to develop 
engineering-specific self-efficacy measures and to evaluate the factor structure, validity, 
and reliability of scales used with undergraduate engineering students (N = 730).  
Self-efficacy items were created and/or adapted from previously published studies 
and then incorporated into distinct scales.  Survey responses were collected from 
engineering students attending two southeastern universities during three terms in 2013-
2014.  Exploratory factor analyses were used to determine each scale’s factor structure.  
Predictive utility of the self-efficacy measures was investigated using multiple regression, 
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which examined the relationship between engineering self-efficacy and students’ 
academic achievement and intent to persist in engineering, when controlling for past 
achievement and other motivation variables. 
The General Engineering Self-Efficacy Scale was unidimensional; the 
Engineering Skills Self-Efficacy Scale was multidimensional with three factors 
representing experimental skills, tinkering skills, and engineering design.  General 
engineering self-efficacy predicted academic achievement, even when prior achievement 
was controlled.  Students’ interest in engineering, and not their engineering self-efficacy, 
predicted their intent to persist in engineering. 
Evidence was found for the reliability, validity, and predictive utility of the 
newly-created engineering self-efficacy scales.  These scales can be used to assess 
undergraduate students’ beliefs in their capabilities to perform tasks in their coursework 
and future roles as engineers, and to investigate the association between self-efficacy and 
academic outcomes of interest. 
 
Potential impacts to the field of MS&E: As the focus of this work revolves around 
service courses taught to students outside of the field that the course subject is on, such as 
introductory MS&E, it is considered that this research may allow for better 
communication of the important aspects of the course content to those students that see 
the course material as “not part of their major”.  This research seeks to establish how 
students in different fields are motivated within one specific type of course within a 
larger engineering curriculum. 
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Further information can be found in: Measuring Undergraduate Students’ Engineering 
Self-Efficacy: An Instrument Validation, Mamaril NA; Economy DR; Li C; Usher EL; 
Kennedy MS, Journal of Engineering Education (submitted for initial review). 
 
E.6.  Sources of self-efficacy in undergraduate engineering 
Abstract: Researchers have shown that self-efficacy, the beliefs students’ hold about their 
capabilities to perform given tasks, can influence students’ effort, achievement, and 
successful matriculation in school.  Efforts have been made in the engineering 
community to examine self- efficacy in relationship to undergraduate engineering and 
persistence.  The purpose of this study is to examine how the engineering students form 
their efficacy beliefs.  We investigate engineering students’ efficacy-relevant experiences 
to better understand the ways in which self- efficacy develops and the factors that 
students consider to be most influential.  We also examine whether men and women 
report similar sources of self-efficacy, as has been found in related work. 
Undergraduate engineering students (N = 244) from two research-intensive 
universities in the southeastern U.S. completed an online survey during the fall 2012 and 
spring 2013 semesters designed to assess beliefs about engineering.  Participants 
responded to five open-ended questions to identify events that affected their engineering 
confidence, people who encouraged or inspired them to be engineers, and to explain their 
feelings about doing engineering work.  Responses were initially analyzed using codes 
based on the four theorized sources of self- efficacy: mastery experience, vicarious 
experience, social persuasion, and physiological states.  First-level coding was used to 
summarize data; pattern coding was used to group summaries into specific themes or 
constructs.  Response patterns were then analyzed in terms of similarity, difference, and 
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correspondence for men and women.  Data were cross-checked by two researchers to 
ensure inter-rater reliability above .90. 
Engineering students described mastery experiences as the most common source 
of their confidence in their engineering skills followed by social persuasions.  Students’ 
achievement in school, such as obtaining good grades and passing engineering-related 
courses, boosted their beliefs in their abilities to pursue their engineering degrees.  
Students also mentioned receiving positive messages from professionals, such as 
professors and mentors.  Even the simple gesture of having friends ask for their help on 
engineering assignments boosted students’ confidence in their engineering abilities. 
Vicarious experience via exposure to engineers, particularly those who were 
family members, influenced students’ beliefs that they could become engineers.  
Exposure to engineering through print material or television media was considered less 
influential.  Exposure to positive role models increased students’ confidence in their 
abilities to succeed.  Although students reported experiencing physiological states such as 
stress when doing tasks related to engineering, many described invigorating positive 
feelings about accomplishing engineering tasks.  This finding suggests that although 
students may find engineering challenging, their perceived efficacy might benefit from 
the positive emotions they feel when engaged in their work.  Men and women generally 
reported similar sources of engineering self-efficacy, contrary to findings reported 
elsewhere in related science, technology, and mathematics disciplines. 
Findings from this study complement previous research on the sources of 
engineering self-efficacy by expanding the investigation to upper-level students with 
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diverse majors and tailoring survey questions to specific types of information known to 
influence perceived efficacy (e.g. exposure to models who were engineers).  Implications 
for creating efficacy-building experiences related to engineering in K-12 and 
undergraduate education are discussed. 
 
Potential impacts to the field of MS&E: As self-efficacy has a role in motivation and 
subsequently the choices that students’ make, understanding the development of types of 
self-efficacy will allow for greater understanding of the factors involved in identity 
development.  Understanding the major factors in identity development can allow for 
better accessibility for students that may not have traditionally considered a smaller field 
such as MS&E or may not have considered themselves a “scientist” or “engineer”. 
Further information can be found in: Sources of Self-Efficacy in Undergraduate 
Engineering, Usher EL; Mamaril NA; Li CR, Economy DR; Kennedy MS, Proceedings 
of the 2015 ASEE Annual Conference and Exposition, Seattle, WA (Accepted for 
publication). 
 
E.7.  Undergraduate students’ materials science and engineering self-efficacy: 
assessment and implications 
 
Abstract: Increasing engineering students’ persistence in their programs and fields after 
graduation is a goal of both academic institutions and government agencies such as the 
National Science Foundation.  Although entrance to academic programs typically relies 
on accessing the skills and prior achievement of students, some researchers have found 
that students’ achievement and persistence within engineering undergraduate programs 
can be linked to individual students’ beliefs.  The purpose of the study was to develop 
and validate measures to assess materials science and engineering (MSE) self-efficacy 
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and to identify the correlation between students’ MSE self-efficacy and their academic 
achievement.  
The authors developed 11 self-efficacy items for MSE to cover knowledge 
normally covered during a one semester course provided to undergraduates in a range of 
engineering disciplines.  These items were embedded into a larger online survey 
containing measures of self-efficacy and perceived value along with demographic 
information.  Undergraduate engineering students (n = 81) from a southeastern university 
were recruited to complete this pilot survey at two time points.  At the beginning of the 
semester, 81 students completed the survey; 31 students completed the survey at end of 
the semester.  As a result of the low response rate during fall 2013, the authors elected to 
administer the same survey questions via paper surveys in students’ classrooms during 
the spring semester of 2014. This approach yielded 247 completed surveys at the 
beginning of the semester (93.9% response rate).  The majority of responses were 
received from Caucasian (82.6%) and male (71.7%) students.  Students represented the 
same majors in varying proportion: 13.0% bioengineering, 33.2% industrial engineering, 
3.2% materials science, 49.8% mechanical engineering, 0.4% general engineering, and 
0.4% other.  At the end of the semester, 197 surveys were completed (74.9% response 
rate); 186 of those surveys were completed by students who also completed the initial 
survey at the beginning of the term (70.7% response rate for both time points).    
Data were manually entered, anonymized, and then triple checked for entry errors 
by separate researchers.  Achievement data (final course grades, cumulative grade point 
average, and engineering specific grade point average) were obtained from the 
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university’s office of institutional research and course instructors.  Data were cleaned and 
descriptive statistics were calculated at the item and scale level.  Cronbach’s alpha was 
used to examine internal consistency of the items within each scale.  The eleven items 
included in the Materials Science and Engineering Self- Efficacy scale were shown to 
have a Cronbach’s alpha of (0.93) when analyzed using the data collected during spring 
2014 (n = 243). Future work will look at understanding the relationship between this 
scale and student achievement outcomes (course grade, cumulative and engineering 
GPAs). 
 
Potential impacts to the field of MS&E: This research specifically seeks to understand 
the development of self-efficacy in fundamental materials related aspects.  With topics 
such as structure-property relationships and materials selection, understanding the 
development of these types of skills seeks to understand methods in which these 
foundational themes can be better communicated to a broad audience within an 
introductory MS&E classroom at earlier stages.  The majority of students within these 
types of classrooms will not have another formal chance to learn such content that is 
critical to the field of MS&E as a whole. 
Further information can be found in: Undergraduate Students’ Materials Science and 
Engineering Self-Efficacy: Assessment and Implications, Usher EL; Economy DR; 
Mamaril NA; Li CR; Kennedy MS, Proceedings of the 2015 ASEE Annual Conference 
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E.1. List of Abbreviations Used Throughout Dissertation 
AFM Atomic force microscope 
ARB Accumulative roll bonding 
BCC Body-centered cubic 
CoF Coefficient of friction 
COMSET Center for Optical Materials Science and Engineering Technology 
CTE Coefficient of thermal expansion 
DC Direct current 
DLC Diamond-like carbon 
DSC Differential scanning calorimetry 
EBSD Electron backscatter diffraction 
ECAP Equal-channel angular pressing 
EDS Energy dispersive X-ray spectroscopy 
FCC Face-centered cubic 
FEG Field emission gun 
FSW Friction-stir welding 
HCP Hexagonal-close packed 
HPT High-pressure torsion 
HRTEM High-resolution transmission electron microscopy 
LANL Los Alamos National Laboratory 
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LSM Laser scanning microscope 
MD Molecular dynamics 
MEMS Microelectromechanical systems 
MOS Multi-beam optical sensor 
MS&E Materials Science & Engineering 
NMM Nanoscale metallic multilayer 
NSF National Science Foundation 
ODS Oxide dispersion strengthened 
PTFE Polytetrafluoroethylene (Teflon®) 
PVD Physical vapor deposition 
REU Research Experiences for Undergraduates 
RF Radio frequency 
SAD Selected area diffraction 
SADP Selected area diffraction pattern 
SEM Scanning electron microscope 
STEM Scanning transmission electron microscope 
TEM Transmission electron microscope 
XRD X-ray diffraction 
 
